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Abstract 

 

This study is related to fabrication of SS 316L – bronze FGMs via the DED and 

investigation of their microstructural, mechanical, and thermal properties. Crystallization 

rate and dendritic structure parameters were measured via numerical methods, optical, and 

scanning electronic microscopy. Phase and elemental composition of the alloys were found 

by EDX and XRD methods. Mechanical strength, microhardness, elasticity modulus, yield 

stress, Poisson’s ratio, and other mechanical characteristics were experimentally 

determined by tensile testing and microhardness measurements. It was found that the 

difference in microstructural parameters caused by varying operation conditions, chemical 

composition, and deposition strategies led to significant scatter in mechanical properties of 

the resulting alloys. The DIC method showed the alternating character of the principal 

strain distribution in the gradient specimens. The existence of δ-ferrite in UNS C61800-

based non-gradient alloys slowed grain growth, increased mechanical strength, and 

reduced the fatigue properties. Precipitations of Cr2O3 and MnO were reasons for the yield 

strength increase of these structures. The absence of the δ-ferrite in the alternating-layered 

C61800 + SS materials and their less grain refinement diminished the mechanical 

parameters. Thermal characteristics of these materials were analyzed by the DSC. Long-

term phase transitions and the formation of lower bainite lead to a decrease in specific heat 

capacity and its subsequent increase. Rapid polymorphic transformations caused 

appearance of small exothermic peaks in the DSC curves of Fe-Cu-Cr alloys. 

The results of the research can be used for producing functionally graded parts from 

SS 316L with Al, Sn, and Cr bronzes for aerospace, automotive, nuclear, 

electronics/optoelectronics, tooling, medicine, defense, and milling areas of industry. 

Keywords: direct energy deposition (DED), functionally graded materials (FGMs), 

sandwich structures, heterogeneous Fe-Cu system alloys, digital image correlation (DIC), 

ultrasonic-assisted DED, SS 316L, aluminium bronze, dendritic structure, crystallization 

rate, coefficient of linear thermal expansion (CLTE), differential scanning calorimetry 

(DSC), microhardness 
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I Literature Review 

Chapter 1. Introduction. Practical Application and Manufacturability of Fe-Cu FGMs 

Functionally graded materials (FGMs) with a periodical or irregular gradient of 

phase, structure, chemical composition, physical, and mechanical properties are widely 

implemented in various fields of industry. The significant interest is attributed to 

manufacturing FGMs of the Fe-Cu system, which combine thermal expansion properties, 

low friction coefficient, electrical and thermal conductivity of bronze with high rigidity, 

mechanical strength (yield stress, ultimate tensile strength (UTS), flexure strength, creep 

resistivity), and corrosion resistance of stainless steel [6]. Moreover, the Fe-Cu alloys, 

especially multi-layered, are characterized by significant values of magnetoresistance [7-12]. 

Fe-Cu FGMs are widely applied in the aerospace, nuclear, milling, automotive, defense, 

tooling, medicine, deep-sea exploration, super high-speed railways, 

electronics/optoelectronics, and other areas of industry [1–5,13]. Specific examples of Fe-Cu 

gradient parts include bearing bushes (parts of diesel engines), molding guide plates 

(critical guiding and positioning components in the moldings), cooling staves (components 

of blast furnaces), cartridge cases, combustion chambers, nozzles, gas vanes, fuel valves, 

piston crowns, bimetal pipes and wires for machinery, energy, and chemical shipping 

industries (including gas/liquid pipelines, condenser pipes, and heat-exchange equipment, 

conductive cables and springs), friction pairs of hydraulic pumps, engineering structural 

components (such as train pantographs and switch sliding baseplates) [13,19]. 

 The work [20] summarizes that the materials with multifunctional properties, 

which can be highly sought in different fields of industry, cannot be obtained using 
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standard metallurgy techniques. Additive manufacturing (AM) technologies have the 

potential to change the paradigm for materials selection in mechanical design. AM, also 

known as 3D printing, is a set of various technologies associated with adding material to 

the substrate and making entire part without any assembly operation. It allows the cost-

efficient production of parts from the FGMs with a complicated geometry in a single 

technological step without assembly operations, along with low waste of the material. A 

problem of the functionally graded (FG) structures and products synthesis via methods of 

AM was mentioned as early as nine years ago [3]. Earlier FGM had been made by methods 

of spark plasma sintering, self-propagated high temperature synthesis (SHS), thermally 

sprayed coating, chemical vapor deposition, photo- or electro-lithography, galvanoplasty, 

sol-gel process, epitaxial growth, etching technique, etc [14] according to [3]. A usage of these 

technologies mainly leads to creating of FG coatings (multilayer welding) instead of complete 

3D parts. The more prospective 3D printing technologies for FGMs fabrication are selective 

laser melting (SLM), selective laser sintering (SLS), electron beam melting (EBM), wire 

and arc additive manufacturing (WAAM), direct energy deposition (DED) [4], also known 

as laser metal deposition (LMD), laser engineered net shaping (LENSTM) [16,17], 3D direct 

laser fabrication [18] or 3D laser cladding. The advantages of the last technology are higher 

performance in comparison with SLM, SLS, EBM and WAAM, low substrate deformation 

and the high automation of the process.  

Summarizing, AM of FGMs, including Fe-Cu FGMs, is a prospective scientific and 

industrial track of research. Its scientific novelty and importance depend, on the one hand, 

on practical applicability and usability of the parts, and, on the other hand, on issues and 
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challenges associated with heterogeneous system of materials (Fe and Cu). It is a 

complicated challenge to achieve a good quality of the microstructure in the system of 

immiscible materials with a positive mixing enthalpy and rather different 

thermomechanical characteristics (thermal expansion coefficient, elasticity modulus, 

microhardness, thermal conductivity, thermal diffusivity, radiation absorption coefficient). 

At the same time, microstructural parameters (type of crystalline structure, cell parameter, 

grain shape and size) strongly impact on mechanical properties and other physical 

characteristics of these materials. The problem of microstructural and other physical 

properties evaluation in Fe-Cu FGMs is poorly studied in the up-to-date literature and 

needs to be investigated in detail. The current work is mainly devoted to researching this 

topic, which scientific significance is also described below in the chapter 2 «State of the Art». 
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Chapter 2. State of the Art 

 

2.1 Functionally Graded Materials 

The choice of the specific combination and chemical composition of the conjoining 

base materials in FGMs depends on the required final properties of the manufactured part 

or the whole assembly. It can be the composition of the materials with high mechanical 

strength and high thermal conductivity, a base material without unique properties and 

materials with high antifriction characteristics (such as friction-proof bronze for bearings), 

high surface hardness, corrosion resistance, thermal stability and so on. Otherwise 

speaking, the final technical purpose and the necessary physical characteristics of the parts, 

assemblies or their components determine materials, phases (such as, for example, 

cementite, ferrite or austenite in the case of a Fe-C system) and structures (such as 

martensite, perlite or ledeburite of Fe-C), which form the new FGM with a gradient in an 

intended direction. 

The first time the most important, both metallic and non-metallic, FGMs (named 

FGCMs—functionally graded composite materials [21]) were divided into the 16 groups 

was in 1995 [21,22] (Table 1, column 1). Twenty-five years after that, the authors of [4] 

presented the classification of FGMs in dependence on three broad groups of fabrication 

methods: deposition-based methods (vapor deposition, electrodeposition, thermal spray 

method), liquid state methods (centrifugal force methods, slip casting, tape casting, 

infiltration method and Langmuir–Blodgett method) and solid-state methods (powder 

metallurgy, friction stir welding and AM). The list of metal-based FGMs produced by the 

group of solid-state methods is given in Table 1, columns 2–4 [4]. 
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Table 1 ‒ The classifications of functionally graded composite materials (FGCMs) 

and solid-state methods-produced FGMs [4,6,21,22]. 

FGCMs Systems 

[21,22] 

FGMs Systems Fabricated 

through Powder 

Metallurgy Method [4] 

FGMs Systems 

Developed via Friction 

Stir Welding (FSW) 

Method [4] 

FGMs Systems Fabricated 

through the AM Methods 

(LMD/DED, SLM) [4] 

SiC-SiC Ni-Ti3AlC2 AA5083-Al2O3&SiCp Ti6Al4V-TiCp 

Al-SiC Al2124-SiC Pure Al-TiCp Ti6Al4V-AlSi10Mg 

SiCw-Al-alloy Al2024-SiC AA5083-SiCp Ti-Al alloys 

E-glass-Epoxy Ni-Al2O3 AA6082 T6-SiCp SS 304L-Inconel 625 

Al-C Al-Steel Al 6061-SiCp Ti6Al4V-Mo 

Al-SiC Al-B4C AA6061 T6-SiCp Fe-Cr-Ni alloy 

SiCp-Al-alloy SS 316-HA Pure Al-Al2O3 & TiCp Ti6Al4V-TiCp 

Carbon and glass fibers SS 316L-CS - SS 316L-P21 

Glass-Epoxy Al2124-Al2O3 - Ti6Al4V-Invar 

TiAl-SiC fibers ZrO2-Ni - Ti6Al4V-SS 304L-V 

Be-Al Cu-NbC - Ni-Cr-B-Si-SS 316L 

Al2O3-Al-alloy ZrO2-NiCr - SS 316L-IN625 

Carbon-Bismaleimide Al-SiC - Ti6Al4V-Al2O3 

Carbon-Epoxy AlN-Mo - Graded SS 316L 

SiCw-6061 - - - 

Al-alloy-CNT - - - 

2.1.1 Systems of FGMs 

The list of the FGMs systems fabricated through the AM methods (Table 1, column 4) 

[4] lacks the several important types of metallic FGMs such as Fe-Cu system FGM [24-26], 

Cu-Ni [27,28], maraging-tool steel [29,30], and so on. According to the results of a deep 

literature review, another actual classification of the majority of metal-based FGMs (in 

dependence on a base material) that could be produced via AM methods can be suggested 

as the eight consolidated groups described below [15]. 

The first group is Ni-based FG superalloys (such as Diamalloy 1005 [31]) which 

are combinations of Ni, Cr and Al. These superalloys are commonly used for tools working 

in elevated temperatures like airfoils of turbines [32]. Such intermetallic phases as NiAl 

and Ni3Al, which have good oxidation resistance in intense heat conditions, even under 

influence of hot flows of various gases, find their application as protective coverings in 

aerospace and power mechanical engineering, including components of gas turbine units 
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and engines for missiles of diverse purposes. The advantages of these materials are their 

moderate density, unique mechanical characteristics under high temperatures, chemical 

and erosion resistance within a wide temperature range [31].   

The second group is Ti-based FG superalloys (Co-V-Ta-Ti, Co-Ni-Al-Ti, Nb-Ti, 

Ti-B-Cu, Ti-Al-V-C, Ti-W-C and so on), Ti & TiO2 [33], and aluminides of titanium. They 

are also widely used in aerospace and power industries, above all in high temperature 

conditions [34,35]. The area of application of these FGM is larger in comparison with pure 

Ti alloys. The advantages of Ti-based superalloys are higher rigidity, hardness, thermal 

stability, and heat resistance [36,37]. The results of investigation tests performed with 

TiB2-Cu FGM in conditions similar to missile operation with thermal shock influence 

demonstrated absence of brittle failure or cracking [38]. Ti alloys-based FG structures, as 

well as technically pure titanium, due to their biocompatibility also find their application 

in endoprosthetics [39]. 

The third group is aluminium-based FGM such as AlSi40 and Al [40] where 

particles of Si serve as hard reinforcements of an inhomogeneous Al-based structure. The 

resulted material has enhanced mechanical and chemical resistance properties in 

comparison with initial components [40]. 

The fourth important group is Fe-Al system (such as Fe3Al and SS 316L) FG 

alloys. These compounds have many special characteristics [41]: corrosion, creep and heat 

resistance, significant mechanical strength in high temperature conditions [42-45]. 

Manufacturing of these FGM is not so expensive partly owing to reasonable cost of 

substrates [46-48]. 
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The fifth group is CoCrMo multimaterial alloys, which play an important role in 

biomedicine. They are used, in particular, in producing of implants for TKR (total knee 

replacement) and THR (total hip replacement) [49]. 

The sixth group is FG system of Ni-Cr-B-Si and steel such as SS 316L [50]. Ni-

Cr-B-Si alloys are widely used in corrosive and high temperature conditions. These FGM 

have many different solid inclusions and are applicable for hardfacing [51]. 

The seventh group is Ti-Fe system FGM [52,53]. They combine low density, high 

mechanical strength and heat resistance of Ti with specific properties of steel (such as 

processability and lower price) [52]. 

The eighth group we should mention is Ni-Cu (including Inconel-Cu) and Fe-Cu 

(including steel-bronze) FG systems [24,28,54,55]. This group is a main topic of study of 

this work; therefore, it has to be discussed in more detail. 

2.1.2 Ni-Cu and Fe-Cu FGMs 

Combining two aerospace alloys such as, for example, GRCop-84 and Inconel 718, 

allows enhancing thermophysical properties of a resulting bimetallic structure [54]. Copper 

allows combining good oxidation resistance in aggressive atmospheres (such as alkaline 

and salt) with high values of heat and temperature conductivity coefficients [28]. Nickel is 

a common component of high temperature alloys. Perfect notch toughness, mechanical 

strength, and corrosion resistance in elevated temperature conditions characterize them. 

High temperature strength of Ni and thermal conductivity of Cu provide usage of these 

FGM in extreme temperature conditions [28]. FGMs sintered using tool steel H13 and 

copper can be used for purposes of casting industry as materials for injection moulding 
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tools due to high mechanical strength, wear resistance and thermal conductivity [24]. The 

stainless steel and Cu combination find its application for producing of food processing, 

steam turbine and power nuclear plants, electronic components and so on because of 

mutually supportive characteristics, such as electrical and thermal conductivity of copper 

along with good corrosion resistance and manufacturability of SS [25]. 

The FGMs of the eight group are widely used in the manufacturing of space 

industry parts due to the mentioned physical and exploitation properties of copper and 

advantages of nickel alloys and stainless steel. The first steps in research of FGMs usage 

for the space industry were performed 18 years ago [38]. There is a description of FGMs 

application for producing thermal barrier materials for space shuttles and creating air and 

gas vanes, thrust chambers, piston tops, nosetips and so on. A radial laser deposition 

additive technology [20] allows producing axially symmetric gradients, such as metallic 

parts for spaceship elements created from carbonaceous filaments. Such gradient parts can 

be fabricated radially from the center of a sample to the outside. 

As mentioned above, our research is devoted to the DED of the FGMs associated 

with eight group, their microstructural, crystallization, mechanical, thermal, and magnetic 

characteristics. 

2.2 Direct Energy Deposition Technology and Its Comparison with Traditional Methods 

Several main traditional techniques for making FGMs were described in [19]: 

chemical vapor deposition (CVD), powder metallurgy, plasma spraying and SHS. A type 

of a production technology and regimes strongly influence on the properties and structure 

of a sintered part. For example, the research of the copper and cast-iron composites 



26 

  

fabrication in an induction furnace [60] demonstrated a significant influence of copper on 

the structure and properties of cast iron; at high concentration of copper, a phase separation 

in the liquid was observed. This phenomenon leads to the formation of ε-copper inclusions 

with a composition of aluminium bronze. An increase of copper promotes the formation of 

lamellar perlite and decreases its interlamellar spacing. With copper concentrations less 

than or equal to 7 wt.%, the tendency of the alloys to form white cast iron decreases. 

However, when a large amount of copper is added, it acts as a strong whitening element, 

promoting the formation of ledeburite structure. 

Another example is a research about copper coatings producing [61] by low 

pressure cold spraying and laser cladding techniques. The thick copper coatings of 3 mm 

were deposited on the SS 316L specimens using CO2-laser system with 4 kW output power 

and a low-pressure cold spray equipment. Various process parameters used for the laser 

cladding and the cold spraying were optimized in order to develop good quality coatings 

in terms of good metallurgical bonding of Cu and steel, good surface finish with reasonable 

dilution properties and low porosity. The resulted process parameters were different for 

both technologies and the resulted quality of parts was unequal. In this research, energy 

dispersive X-ray spectroscopy (EDX) of Cu cladded and cold sprayed samples has been 

carried out at some selected areas. In the cold spraying there was presence of 100% Cu, 

which was also supported by XRD (X-ray diffraction) analysis. The absence of oxides in 

cold spraying according to [61] could be attributed to its low temperature operation which 

always remains less than melting point of the particles. The traces of oxygen were found 

inside the coating in the laser cladding, which might be due to evolution of gases during 
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cladding process owing to higher process temperature (more than melting point of copper). 

The heat affected zone (HAZ) consisted of pure Cu interfacial layers on the melted layers 

of steel substrate. EDX analysis showed the presence of both copper and iron along the 

interface (HAZ) in the laser cladding, owing to diffusion and spattering on molten state at 

high working temperature during the laser processing [62,63]. 

It was demonstrated as a result of the research [61] that better combination of 

strength, density, and thermal conductivity could be achieved by cold spraying techniques 

in comparison with that with the laser cladding method. The adhesion strength achieved 

through laser cladding was found better than the low-pressure cold spraying process due to 

diffusion of substrate elements inside the coating during melting at the interface. No severe 

oxide formation was observed in both the coatings. So, it was made a decision that laser 

cladding can be used in the applications where moderate thermal conductivity is required 

with good adhesion strength, whereas, low pressure cold sprayed coatings could be used 

for the applications where thermal conductivity is required with moderate adhesion 

strength for instance electrical circuits. 

DED is a reliable AM technology [64-67], which allows the rapid accurate 

fabrication of parts with complicated geometry from a single material or several materials 

simultaneously without assembly operations [20,68,69]. Mentioned aspects are common 

advantages of overall AM over conventional technologies [70]. These advantages are 

primarily provided by a layer-by-layer fabrication method and a high-resolution laser 

beam. The DED is the most suitable method to produce metallic FGMs with a 

compositional gradient in a flexible fashion [71]. This technology is widely used for 
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producing new parts and repairing broken ones including the case of dissimilar materials 

[70]. The DED provides various applications, which can change parts’ properties by 

varying process parameters and reduce rheological instability [70]. Metallurgical issues 

such as residual stresses and cracks between dissimilar materials fabricated by the DED 

can be eliminated by various technological approaches [72]. They include making 

transitional areas in FGMs and performing post-treatment techniques [73]. The advantages 

of the DED to other AM technologies include technological availability to fabricate 

complex FGMs, higher productivity, and easier printing of parts with internal cavities. 

Common process of the DED of an FGM can be divided into the several stages 

briefly described below. 

a) Preheating of the substrate (optional; decreases temperature difference between 

substrate and material, reduces stresses and strains in the resulted part, prevents warping 

and the separation from the substrate [74]). 

b) Laser heating of the substrate along with heating and melting of the first particles of 

powder, which falls on the substrate and particularly absorbs the energy from the laser beam. 

c) While the laser head moves in the X-Y coordinate plane, the new powder 

particles becomes heated and melted; simultaneously previous areas rapidly cool down and 

solidify. The physical and mathematical model of the bed forming process was discussed 

in [75]. The presented model combined powder transportation and heating and formation 

of bed-like cladding in the conjugate statement. The model of bed surface growth and 

formation was constructed from the physical and mathematical description proposed in 

[28]. If the powder particles come into the melt zone, or melt in the laser beam, they adhere 
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to the surface, and the bead grows due to this. In this statement, it is necessary to know the 

parameters of the particles coming on the substrate. 

The powder flow and average temperature of the particles approaching to the 

substrate surface 𝑧 = 0 could be presented as functions 𝑞𝑚(𝑥, 𝑦), 𝑇�̃�(𝑥, 𝑦), where 

𝑞𝑚(𝑥, 𝑦) is the function of the distribution of the particle mass flow density over the 

substrate surface (powder flow function),  𝑇�̃�(𝑥, 𝑦) is the average temperature of the 

particles approaching to the substrate surface z = 0 [75]. The mechanism of particle adhere 

to the substrate is governed by the particle adhere coefficient 𝐸𝑝, which is 𝐸𝑝 = 1 if the 

powder particle is heated by the laser up to the melting point or more, and it comes into the 

melt-occupied area. In all other cases, 𝐸𝑝 = 0, so such particles are excluded from the 

analysis. 

d) When the first layer of the part is finished, the laser turns off and the powder 

stream stops (it may take small time delay between shutdown of the laser and moment 

when the last powder particles are thrown away from the powder nozzle by the feeding 

gas; thus, these particles can anyway sinter with substrate or previous layer and cause 

satellite defects such as balled-up protrusion [74,76]. These defects could be eliminated by 

machining, or prevented by the proper scan path planning, appropriate terminations, and 

suitable powder delivery [74,77,78]); 

e) Cooling time between layers: a process is paused for several seconds to let the 

previous layer(-s) cool down. On the one hand, it prevents overheating and re-melting of 

previous layer(-s) (especially if they were fabricated from another material characterized 

by higher thermal conductivity, higher laser radiation absorption, and lower melting point) 
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and provides the more appropriate thermal history (therefore, in some cases, the cooling 

time could be artificially increased to provide more intense cooling), but on the other hand, 

it could increase the further undesired thermal strains and stresses due to growth of the 

temperature gradient, and cause cracking. Besides that, it is significantly simpler to embed 

the new material inside the previously fabricated layers if they are preheated. 

f) The next layer is deposited on the previous, and the steps №№a)-e) are repeated; 

the difference from the first layer is that the heat is spread not only in the substrate, but 

inside the previous layer(-s) too. Depth of the laser influence z, [m] in case of laser-pulsed 

DED could be approximately estimated by the following equation [79]: 

𝑧 ≃ 2 ∙ √
𝑎 ∙ 𝜏𝑝

𝜋
−
𝑇 ∙ 𝜅

𝑞
, 

(1) 

where 𝜏𝑝, [s] is an average duration of the laser pulse; T, [K] is a temperature of the point 

with a coordinate z; 𝑞, [W/m2] is a laser power density; a, [m2/s] and 

𝜅, [W/(m∙K)] are a thermal diffusivity and thermal conductivity of the material respectively 

(in case of two or more component material it is permissible, for a first approximation, to 

apply the rule-of-mixture equation to estimate the average a and 𝜅 of the complex system). 

g) The fabrication of FGM by transition from the one material to another requires 

gradual modification of the powder chemical composition starting from the definite layer 

№n (gradient path method), or beginning of the layer №n from completely new material 

(direct joining) [80]. In both these cases, a joint melt pool emerges, where both materials 

and the admixtures are distributed mainly by diffusion through the moving phase interface. 

It also should be mentioned here that the fluid motion in the melt pool could be also caused 
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by the pressure of vapor that evaporates from a front wall of the shallow vapor cavity 

[81,82] but this mechanism associated with boiling is common for several other laser 

treatment technologies such as laser cutting and laser alloying, but not relevant for the 

DED, where laser power is less than that is needed for boiling: P < Pboil. 

Applicability of AM technologies for Fe-Cu FGMs fabrication was generally 

justified by the results of the following researches: 

a) For the DED: 

‒ X. Zhang et al. [83] successfully produced SS 304L – commercially pure (CP) 

copper FGM with ~370% average thermal diffusivity and ~100% thermal conductivity 

improvement in comparison with CP SS, through the intersections of a nickel-based alloy 

using the intermediate section technique [80]; 

‒ the authors of study [84] fabricated Fe-Cu FGM via the direct joining [80] with 

the resulted morphology of partially elongated columnar dendrites, and observed a 

microstructure refinement (up to 50 μm grain size) due to rapid solidification rate, but 

identified poor yield stress (123 MPa) and UTS (250 MPa), caused by the issues of direct 

bonding of such dissimilar materials; 

‒ H.S. Prasad et al. [85] deposited a 99.9% CP Cu on various metal substrates (Al, 

steel, and Ti) using high-absorbable green (515 nm) disk laser source instead of common 

industrial infrared emitters. The longitudinal cracking in case of steel-copper FGM was 

observed, and it was noted that the substrate preheating can be applied for the wettability 

of dissimilar materials improvement, which affects the resulted bonding parameters. 
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Engineering and physical aspects of synthesis of metal matrix FG composites such 

as Fe-Cu with ternary intermetallic inclusions via the DED are described in [86]. The 

possibility of controlling the hardness of the multilayer structure by changing the powder 

composition in the proposed combinatorial approach can expand the range of the 3D FG 

metal matrix composites applicability in the aerospace and nuclear industries. The results 

of the studies can be the basis for development and manufacturing of a new class of 

construction materials ‒ intermetallic embedding matrix composites. 

b) For other AM technologies: 

‒ Y. Bai et al. [87] prepared the SS 316L – C52400 metal composite via the SLM 

with two different interfaces (transition from SS 316L to C52400 and vice versa) without 

any observable brittle intermetallics except CuNi; 

‒ K.S. Osipovich et al. [88] fabricated the bimetallic samples from electrolytic 

tough pitch copper C11000 and SS 304 wire materials by the electron beam wire-feed AM 

technology with appropriate metallurgical bonding between SS and Cu with free of defects 

transition zone. 

Besides, many other experiments were performed during last 10‒15 years on the 

FG structures producing with Fe-Cu and similar materials using the DED. Some of them 

are briefly described below. For the first, we mention laser cladding technique, which is 

the simplest version of the DED. The last can be considered as «multilayer cladding» 

technology. In the study [89], the experiments on the single phosphor bronze (Cu15Sn0.4P) 

laser cladding tracks deposited at the AISI 4340 high tensile steel surface [89] with the 

1600 W diode laser with a wavelength between 915 and 976 nm were performed. The 
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resulting alloy demonstrated no big defects such as cracks [90], nor dilution in any sample, 

just a few micropores. The treatment conditions variated from 2.5 to 20 mm/s scanning 

speed, from 500 to 1000 W laser output power and from 200 to 400 mg/s powder rate. The 

powder particles had size between 150 µm and 180 µm and the powder was carried by 

argon and laterally injected in the molten pool by a convergent nozzle. The clad angle in 

this case was more than 100° in order to obtain coatings without inter-run porosity between 

overlapped tracks [91-93]. The microstructure of the cladded coatings consisted of 

α-dendrites surrounded by (α+δ)-eutectoid. HAZ depth was 0.4 mm and its hardness 

(630 ± 50 HV) was higher than that of the untreated substrate (335 ± 40 HV). The bronze 

coating presented the lowest hardness (172 ± 12 HV), 56% higher than the one reported 

for cast bronze. The increase in hardness of bronze was attributed to the fine microstructure 

caused by the high cooling rates during laser processing and a higher presence of the harder 

δ-phase. Based on the results of this research, a laser cladding was proposed as a method 

to create a bronze surface in an area of a shaft as a substitute of warm shrink fitting of 

bronze bushes. 

The research of the thick copper claddings deposited on SS 316L steel for In-vessel 

components of fusion reactors and copper-cast iron canisters was described in [94]. Thick 

pure copper claddings of 1 mm and 3 mm were deposited on the steel specimens using Cu 

powders of particle sizes < 63 µm and >63 µm respectively via CO2 TRUMPF laser system 

with 4 kW ultimate output power. The experiment laser system consisted of a laser beam 

delivery system with transport optics, a nozzle incorporating powder delivery arrangement 

with carrier gas, a cooling system, and a laser beam shielding gas unit. The process 
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parameters for laser cladding were optimized in order to develop the cladded joints of a 

good quality in terms of good metallurgical bonding of copper and steel, good adhesion 

properties, low porosity and fine surface finish with reasonable dilution properties. It was 

observed that high power beyond 3 kW resulted into complete melting pure copper powder 

leading to high porosity effects in the clad layer. The laser cladding process tended to the 

generation of HAZ in the steel substrate; therefore, heat input had to be reduced as much 

as possible. The laser power less than 3 kW resulted in improper melting of the first layer 

and poor metallurgical bond between first layer and the substrate. There are several 

researches proving that the heat input required for the formation of the cladding layer 

reduces as the particle size decreases. Temperature of melting particles increases by using 

smaller size of powder. It was anticipated that both the HAZ and heat input could be 

decreased by reducing the size of particles [95-97]. Therefore, it was decided in research 

[94] to develop the 1-mm-thickness layer by using smaller particle size (< 63 µm) in a 

single pass. It was proved that 1-mm-thickness layer can be developed properly with laser 

power of 3 kW in a single pass – for conserving the energy associated with each pass and 

cost effectiveness – with a lesser HAZ, proper dilution, proper melting, proper 

metallurgical bonding between the substrate, and absence of porosity. 

The results of a microhardness research of manufactured specimens showed an 

average microhardness of the SS 316L substrate on a level of 198 HV, an average 

microhardness values for the 1-mm-thickness cladding and 3-mm-thickness cladding equal 

to 105 HV and 98 HV, respectively. The decrease in microhardness in case of 3-mm-

thickness cladding might be due to increase in the size of grains (20 µm) in comparison to 
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1-mm-thickness cladding (10 µm), thus the results were in accordance with the Hall-Petch 

equation. 

The results of the research [94] demonstrated that the laser cladding process could 

be used to develop copper claddings with a thickness in the range of 1-3 mm without any 

significant oxidation. The cladding was found to have adhesion strength of the order of 

48 MPa. The corrosion studies showed that the developed cladding can retain for many 

years (more than million) in active corrosion conditions. It was concluded from this study 

that the thickness of the cladding led to more the porosity and thicker HAZ, which finally 

resulted in lesser thermal conductivity. The study indicated that thermal conductivity, 

surface roughness, density, relative elongation, and elastic modulus are possible to be 

improved by refining the laser process parameters. 

The research of the DED of copper on diverse metals using green laser sources was 

described in [98]. Green laser sources are advantageous in the processing of copper due to 

the increase of absorptivity compared with more commonly available infrared lasers. 

Laser deposition of copper with a green laser onto various substrate metals (copper, 

aluminium, steel, and titanium alloy) was carried out and observed through high-speed 

imaging [99] in [98]. The effects of process parameters such as laser power, cladding speed 

and powder feed rate, and material attributes such as absorptivity, surface conditions, and 

thermal conductivity were tied together to explain the size and geometry of the melt pool 

as well as the fraction of the power used for melting material. The melt pool length and 

depth, dilution, incorporation time, laser power used for melting, and clad parameters 
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(track width and height) are collected in Table 2. Laser power was equal to 1 kW, cladding 

speed ‒ 0.5 m/min, and powder feed rate ‒ 1.3 g/min [98]. 

Table 2 ‒ Resulting parameters for copper powder deposited onto copper, 

aluminium, steel and titanium alloy substrates. 
Substrate 

material 

Melt 

pool 

length, 

mm 

Track 

width, 

mm 

Track 

height, 

mm 

Melting 

depth in 

substrate, 

mm 

Dilution, 

% 

Laser 

power 

used for 

melting, 

% 

Incorporation 

time, ms 

Copper ‒ 1.04 0.26 0 0 0.73 0.3 

Aluminium 1.74 1.4 0.24 0.306 53.2 2.94 0.1 

Steel 2.60 2.34 0.14 0.382 77.5 5.15 0.2 

Titanium 

alloy 

6.49 2.96 0.26 0.706 76.2 9.78 0.1 

The results of the DED of copper on copper, aluminium, steel and titanium alloy 

substrates carried out with a 515 nm wavelength laser system were described below. 

1) The copper substrate required the highest power and the slowest cladding speed 

to form a continuous melt pool and clad. Aluminium, steel, and titanium alloy substrates 

followed the order of decreasing laser power requirement for the same cladding speed. Size 

and geometry of the melt pool in the process depended on multiple physical and thermal 

factors of the substrates as well as process parameters. 

2) Incorporation of the copper powder grains in the melt was very fast and occurred 

within 0.1 ms for aluminium and titanium alloy substrates, but could be 0.2 and 0.3 ms for 

the steel and copper substrates, respectively. It was affected by a complex interdependence 

of multiple material properties including melt pool temperatures, melting temperatures for 

the various materials, viscosity, and surface tension-driven forces. 

3) The oxide skin presented on melt pools could have a strong influence on powder 

incorporation in the case of the aluminium substrate. The scanty oxide skins on the melt 
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pools of steel and titanium substrates had a little effect on powder incorporation. No oxide 

skin was seen on the copper melt pool in the research [98]. 

4) The high angle and the small size of the melt pool during deposition on the 

copper substrate along with the longer incorporation time made the probability of powder 

catchment lower than that for the other substrate materials. Preheating of the substrate 

might improve wettability, and thus the melt pool geometry and the catchment efficiency. 

5) The lower limit of percentage of laser power used purely for melting of material 

[98] was lowest for a single track at 0.73% (2.66% in a multilayer build) for copper 

deposition on copper substrate, 2.94% for the aluminium substrate, 5.15% for the tool steel 

substrate, and the highest at 9.78% for the titanium alloy substrate. These values were 

strongly influenced by the degree of absorptance of laser radiation and the thermal 

conductivity of the materials. The remaining power was reflected, scattered, or used for 

workpiece heating. 

Microhardness variation from the SS 304L substrate to the Cu deposit is presented 

in the study [215]. Microhardness varied from 260 HV0.98N to 269 HV0.98N in the case of 

SS 304L and from 79 HV0.98N to 95 HV0.98N in the case of Cu. Different laser power 

provided changing the microhardness values of the deposited Cu track: from 86 HV0.98N to 

95 HV0.98N, from 83 HV0.98N to 92 HV0.98N, and from 79 HV0.98N to 89 HV0.98N at a laser 

power of 1.5 kW, 1.2 kW, and 1.0 kW respectively. This increase of microhardness at a 

higher laser power was associated with a more Fe penetration degree. 

Implementation of a new oscillating laser DED technology [193] allowed achieving 

345 MPa YS and 418 UTS at 200 Hz frequency. Improving mechanical strength was 



38 

  

attributed to grain refinement: the grain size was reduced of 52.2% and 66.7% (down to 

4.4 μm and 7.2 μm) of Cu and Fe phases respectively compared to the absence of 

oscillation. This technique can be investigated for implementation in the frames of future 

studies following this thesis research. 

In the significant study [173], the microstructural and mechanical characteristics of 

Fe-Cu DEDed alloys are given. For instance, the ultimate engineering compressive stress 

of studied composite samples was equal to approximately 1000 MPa in the case of Cu25Fe75 

alloy and 900 MPa of Cu50Fe50. Nevertheless, it was found that grains in the Cu50Fe50 

samples were significantly smaller than those in the Cu25Fe75 alloys. This phenomenon was 

attributed to the differences in the effective cooling rate and grain nucleation and growth. 

The grain refinement was found to appear due to increased Cu content, which increased 

the cooling rate, and because of differences in the liquid/solid interface. 

2.3 Microstructure Evaluation Methods for the DED 

 This subchapter discusses analytic approaches, which describe the microstructural 

behavior of the DEDed materials including their crystallization rate and the sizes of 

structural elements. 

2.3.1 Relevant Theory. The Diffusion of Elements and the Parameters of Dendrites 

During the process of metal deposition, a crystallization front moves towards the 

direction of a heat flux, and the crystallites grow in the direction of the maximal 

temperature gradient (normally to the crystallization front surface) [142]. The solubility of 

the admixtures in a liquid and solid metal is different; therefore, the movement of the 

crystallization front induces diffusion processes. Distribution of the admixtures between 



39 

  

liquid and solid phases influences the drift of the alloy melting point. Therefore, the 

diffusion phenomena influence not only the chemical inhomogeneity of the deposited part, 

but its crystallization kinetics too. 

The diffusion coefficients decrease with the transition of the metal from a liquid to 

solid state [142]. Therefore, the phase interface movement induces different diffusion 

equalizations of the admixtures in liquid and solid phases. In our further calculations, the 

diffusion equalization of the admixtures in the solid state is ignored because of the high 

crystallization rate of the laser deposition process. 

Below, crystallization is considered as a linear process (movement of the flat 

crystallization front in a normal direction). This task was solved in [144,145] on the 

following assumptions: 

1. Diffusion of dissolved matter in solid phase is insignificant; 

2. Convection and non-diffuse mixing in liquid is important or insignificant; 

3. The admixture distribution constant k is invariable. 

We do not take into consideration the influence of the unequal temperature 

distribution on the diffusion fluxes of admixtures [144,145] and the influence of the phase 

interface distortions on admixture distribution towards the normal of this surface. In case 

of a laser treatment, a significant evolution of the admixtures flow normally to the 

isotherms is expected because of the change in the admixtures’ solubility with the changing 

temperature. A solution to the task of the admixtures’ intermixing in the consolidated part 

of the slab was solved in [144] in respect to the full intermixing of the admixtures in a 

liquid phase. 
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An increase in admixture concentration per second near the phase interface due to 

the movement of the crystallization front can be represented in the form 

𝑑𝐶𝑙
𝑑𝑡

=
𝑑𝐶𝑙
𝑑𝑥

∙
𝑑𝑥

𝑑𝑡
= 𝑣𝑐𝑟𝑦𝑠𝑡 ∙

𝑑𝐶𝑙
𝑑𝑥
, (1) 

where 𝐶𝑙 is the admixture distribution in a liquid phase near the crystallization front, and 

𝑣𝑐𝑟𝑦𝑠𝑡 is the crystallization rate [145]. 

The process was considered to be steady-state; therefore, the amount of the 

admixture that elbows out is equal to the amount of the admixture, which diffuses in liquid. 

The concentration distribution near the moving phase interface is constant in time: 

dCl/dt = 0. This assumption can be written as a differential equation: 

𝑑𝐶𝑙
𝑑𝑡

= 𝐷 ∙
𝑑2𝐶𝑙
𝑑(𝑥′)2

+ 𝑣𝑐𝑟𝑦𝑠𝑡 ∙
𝑑𝐶𝑙
𝑑𝑥′

= 0, (2) 

where x’ is a coordinate in a moving coordinate system associated with the shifting phase 

interface, and D is the diffusion coefficient. The resulting admixture distribution is as 

follows: 

𝐶𝑙 = 𝐶0 ∙ (1 +
1 − 𝑘

𝑘
∙ 𝑒−

𝑣𝑐𝑟𝑦𝑠𝑡
𝐷

∙𝑥′), (3) 

where k is the admixture distribution constant as it was mentioned above. It is seen from 

(3) that 𝐶𝑙 =
𝐶0

𝑘
 if x’ = 0 and the concentration exponentially falls to 𝐶𝑙 = 𝐶0 if 𝑥′ = ∞. 

The criterion of the exponent increases with the growth of the crystallization rate, 

so the admixture concentration decreases, more rapidly moving away from the phase 

interface. 
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The value of the gradient dC/dx’ determines a fall in the admixture concentration. 

Derivation of Equation (3) shows 

𝑑𝐶𝑙
𝑑𝑥′

= 𝐶0 ∙
𝑘 − 1

𝑘
∙
𝑣𝑐𝑟𝑦𝑠𝑡

𝐷
∙ 𝑒−

𝑣𝑐𝑟𝑦𝑠𝑡
𝐷

∙𝑥′ . (4) 

It is seen from (6) that the concentration gradient has its ultimate value at the point 

𝑥′ = 0 and then falls down up to 0 if 𝑥′ = ∞. The intensity of the admixture concentration 

decrease increases with the growth of the crystallization rate. 

The thickness of the admixture concentrating densification layer near the phase 

interface according to (4) is 

𝛿 = 𝑥′ =
𝐷

𝑣𝑐𝑟𝑦𝑠𝑡
∙ 𝑙𝑛

𝐶0 ∙ (1 − 𝑘)

𝑘 ∙ (𝐶𝑙 − 𝐶0)
. (5) 

For a first approximation, according to (5), the half-width of the secondary element 

(secondary branch) of the dendrite may be assumed equal to the width of the concentration 

seal ny: 

𝑛𝑦 =
𝐷𝑙

𝑣𝑐𝑟𝑦𝑠𝑡
=
𝑎

2
, (6) 

so 

𝑎 =
2 ∙ 𝐷𝑙
𝑣𝑐𝑟𝑦𝑠𝑡

, (7) 

where Dl is a diffusion coefficient in a liquid phase of the alloy. After estimation of the 

crystallization rate and the diffusion coefficient, the approximate value of the width of the 

secondary element of the dendrite a can be found and compared with the results of the 

experiments. 
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2.3.2 Relevant Theory. The Crystallization Rate 

In every point of the crystallization front, the vector of the crystallization rate is 

normal to it [142]. The vector 𝑣𝑐𝑟𝑦𝑠𝑡⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ can be found from the equation 

𝑣𝑐𝑟𝑦𝑠𝑡⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ = 𝑣𝐷𝐸𝐷⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ ∙ 𝑐𝑜𝑠𝛼, (8) 

where α is an angle between a vector of a scanning speed 𝑣𝐷𝐸𝐷⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ and a vector of the 

crystallization rate 𝑣𝑐𝑟𝑦𝑠𝑡⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ (as it is mentioned above, it is normal to the crystallization front 

(Figure 1)) [142]. On this basis, and as it will be demonstrated below, according to [142], 

it is possible to estimate a cooling rate and a temperature gradient by the analytical 

approach and compare the results with the experimental data to validate the theoretical 

model and approve its usability for the future applications. 

 

Figure 1 ‒ The illustration of the mutual bracing of the vectors 𝑣𝑐𝑟𝑦𝑠𝑡⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ and 𝑣𝐷𝐸𝐷⃗⃗ ⃗⃗ ⃗⃗ ⃗⃗  ⃗ [142]. 

The most common types of the crystallization front surfaces classes can be divided 

into the three groups: paraboloid surfaces classes, conic surfaces classes and classes of 
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surfaces with a knuckle line [142]. Our model was assumed as the most widespread 

paraboloid-type surface class with the equation 

𝐹(𝑥, 𝑦, 𝑧, 𝑖) =
𝑥 + 𝑖

𝐿
+
𝑦2

𝑃2
+
𝑧2

𝐻2
− 1 = 0, (9) 

where i is a shift of the surface class towards the O″x axis; L, P, and H are the semi-major 

axes of the ellipsoid (Figure 2). Our assumption about the paraboloid surface type is 

spontaneous to a significant degree but allows us to make a good estimation for a first 

approximation. As it will be demonstrated below, our choice provided accurate results, 

proved by comparison with the experimental data. 

 
Figure 2 ‒ The moving ellipsoid crystallization front scheme. 

A class of crystallization fronts can be submitted from (9) in a form of ellipsoids: 

𝑥 = 𝑓(𝑦, 𝑧) = 𝐿 ∙ √1 − (
𝑦

𝑃
)
2

− (
𝑧

𝐻
)
2

− 𝑖. (10) 
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The angle α between the O″x and a normal to the crystallization front surface in any 

point can be defined by 

𝑐𝑜𝑠𝛼 =
1

√1 + (
𝜕𝑓(𝑦, 𝑧)
𝜕𝑦

)
2

+ (
𝑑𝑓(𝑦, 𝑧)
𝑑𝑧

)
2

. 
(11) 

From Equation (10) 

𝜕𝑓(𝑦, 𝑧)

𝜕𝑦
= −

𝐿

𝑃2
∙

𝑦

√1 − (
𝑦
𝑃)

2

− (
𝑧
𝐻)

2
, 

(12) 

𝜕𝑓(𝑦, 𝑧)

𝜕𝑦
= −

𝐿

𝐻2
∙

𝑧

√1 − (
𝑦
𝑃)

2

− (
𝑧
𝐻)

2
. 

(13) 

 

2.4 Physical Specificity of Fe-Cu System 

The diffusion processes commonly have a positive influence on the mechanical 

properties of as-deposited parts due to intensification of the intermixing, but the increase 

of a crystallization rate (what is common for laser technologies such as DED) leads to 

decrease of the liquid alloy lifetime and lowers a diffusion intermixing in the liquid phase. 

Moreover, in specific Cu-I binary systems (where I = Fe, Co, Nb, Cr, and so on [136]), a 

liquid phase separation exists that prevents intermixing and makes difficulties for the 

desired alloy development. A discussion of this phenomenon along with parameters of 

temperature-and-concentration-dependent behavior of the material should be conducted 

using a Fe-Cu binary system phase diagram that is demonstrated in Figure 3 [7,100-102,136]. 
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Figure 3 – A Fe-Cu system phase diagram [7,100-102,136]. 

As it was mentioned above, a Fe-Cu system is characterized by existence of 

metastable liquid miscibility gap [7,101-103,136] (binodal, or coexistence curve), which 

shows a specific transient temperature for each concentration of Fe and Cu: if the liquid is 

undercooled below this temperature (what is convenient for rapid solidification induced by 

laser treatment), a liquid separation of immiscible Fe and Cu appears [136], followed by 

further coagulation and dendritic crystallization after cooling. A position of this gap is 

shown by the pink line in Figure 3. A spinodal curve [102] (orange line in Figure 3) denotes 

the stable states, where such separation of undercooled liquid phases isn’t observed any 
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more (these states are located below this curve). The spinodal curve could be analytically 

described as a geometrical locus of points, where the Gibbs free energy second partial 

derivative with respect to concentration equals zero. The intersection point of these two 

curves (binodal and spinodal) is known as a critical point. Under that, a black horizontal 

line at the level of 1361 K shows the position of peritectic transformation (forming of an 

equilibrium solid solution consisting of a solid-state ε-Cu matrix around the γ-Fe dendrites, 

from the γ-Fe primary phase and surrounding liquid). The next line, associated with 

eutectoid transformation, corresponds to the temperature of 1123 K and shows a reversible 

disassociation of equilibrium solid solution into the two stable phases: α-Fe and ε-Cu. The 

Curie temperature of Fe-Cu system equals to approximately 1033 K [136] (1043 K in case 

of pure Fe [102]) (blue line in Figure 3). The Fe-rich areas of the phase diagram (located 

near its left side) are characterized mostly by face-centered cubic (FCC) crystal lattice; Cu-

rich (right side) ‒ by body-centered cubic (BCC). The phases observed at different 

temperatures and various Fe-Cu ratios are shown in the left top side of the diagram (and 

titled «zones») or are specified at the coordinate plane directly. 

As it was said before, the existence of a metastable miscibility gap, caused by huge 

positive enthalpy between Fe and Cu, has a negative influence on mechanical properties 

and applicability of Fe-Cu system FGMs [7]. The possible way of solution of this problem 

is a consideration of a ternary system Fe-Cu-X, where X is a third chemical element, which 

reduces the incompatibility of Fe and Cu by forming of sustainable equilibrium phases, 

including the case of a high-speed solidification. Aluminum could be suggested as the 
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possible example of this element according to the Fe-Cu-Al system ternary phase diagram 

shown in Figure 4 [104-106]. The Fe-Cu-Al system has three established ternary phases:  

• tetragonal ωFeCu2Al7 (ω, which is shown in Figure 4, is the designation of 

this phase with Pearson symbol tP40 and space group P4/mnc [106]); 

• stable icosahedral quasicrystalline τiFeCu2Al6 forming between 750 and 

800 ℃ (I in Figure 4), which was known before as 𝜓FeCu2Al6 previously 

found by Bradley and Goldschmidt [106] (𝜓 and τi are the designations of 

this phase, which has a considerable homogeneity region of 62‒66 at.% Al, 

22‒28 at.% Cu, and 10‒12.5 at.% Fe at temperatures between 560 and 600 ℃ 

[106]); 

• φFeCu10Al10 (φ, which is shown in Figure 4, is the designation of this 

rhombohedral phase with space group of P3̅ml and homogeneity range of 

46‒49.5 at.% Al, 45‒51 at.% Cu, and 2‒5 at.% Fe at temperatures between 

560 and 620 ℃ [106]), which forms in a solid state and exists at 600 ℃ 

[104-106]. It was observed at 600 ℃ by Prevarskiy but not detected by 

Gayle et al. at 680 ℃ [106]. It is formed by a solid-state polymorphous 

reaction 𝛽 ⟷ 𝜑 at 650 ℃ and stabilized at lower temperatures [106]. 

In practice, such ternary system could be realized by using a SS – aluminium bronze 

FGM, which was discussed, for example, in the studies [6,118]. Other notations in Figure 4: 

B2 – ordered BCC phase, L – liquid phase,ε2 – binary compound ε2Cu3Al, δ – binary 

compound δ in the Al-Cu system, η1 – binary compound η1CuAl, (Al) – solid solution 
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based on disordered FCC Al phase, β’ – phase separated from the solution of FeAl in the 

ternary system [106]. 

 

Figure 4 – A 600 ℃ experimental isothermal section of the Fe-Cu-Al system 

ternary phase diagram [104-106]. 

The comparison of important physical parameters of steel (on the example of SS 

316L) and bronzes (on the example of Al-based C61800, Cr-based C18400, and Sn-based 

CB480K, which were investigated in the current study) fabricated via traditional 

technologies is presented in Table 3. 
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Table 3 ‒ Physical properties of SS 316L and three bronzes fabricated by traditional 

technologies. 
Material Approx. linear thermal 

expansion coefficient 

Approx. 

UTS, MPa 

Approx. 

YS, MPA 

Lattice type at room 

temperature 

Lattice 

parameters, Å 

SS 316L 1.60×10‒5 K‒1 560 290 MPa FCC (γ-Fe) 

a = b = c = 3.6 C61800 1.68×10‒5 K‒1 550 270 MPa FCC (Cu) 

C18400 1.65×10‒5 K‒1 280 110 MPa FCC + BCC 

CB480K 1.80×10‒5 K‒1 280 170 MPa Orthorhombic (Cu3Sn) 
a = 5.5; b = 4.8; 

c = 4.3 

2.5 Issues and Challenges of Fe-Cu System 

The key difficulties with AM of Fe-Cu system FGMs are: the stepping junction of 

elasticity modulus of elasticity and coefficient of linear thermal expansion during transition 

from Cu-based to Fe-based part; mismatch of the lattice parameters; poor mutual 

miscibility of steel and copper/bronze (especially during rapid solidification); 

embrittlement due to intermetallic phases forming [118]. The discussed factors have 

influence on miscibility and intermixing in liquid phase of Fe-Cu system alloys, they 

include possible sources of cracking of DED-fabricated Fe-Cu FGMs, and can be 

eliminated by the assisted manufacturing techniques, which could be used for improvement 

of the resulted parts quality. 

During the laser treatment processes associated with melting of metal (laser 

welding, laser cladding, DED, SLM, SLS), the different types of cracking processes may 

appear. They are intensive in the case of the DED of Fe-Cu FGMs (especially at their 

interface areas [118]) because of significant difference between physical properties, 

chemical compositions of base materials, and their limited miscibility that was discussed 

above. Common cracking types include a hot (solidification) cracking, liquation cracking, 

ductility dip cracking, cold cracking, and rewarming cracking (including postweld heat 
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treatment cracking). Below all these types of cracking and their sources are briefly 

described. 

2.5.1 Hot Cracking 

The hot cracking, also known as solidification cracking, is a brittle intercrystallite 

(intergranular) failure that appears along boundaries of grains during the material 

crystallization [107-109]. Elastoplastic strains taking place during solidification cause hot 

cracking if their values exceed a strain capacity of the material [79]. One of the most 

significant parameters at this stage is a temperature derivative of the strain: 

𝛼 =
𝜕𝜀

𝜕𝑇
. 

(14) 

Thermophysical properties of base metals of the FGM, their rigidity, and the 

operation conditions determine a temperature derivative of the strain in the high-temperature 

range significantly. There is a specific temperature interval, where plasticity and strength 

of both components of the FGM, or of one of them, are low; it is called a brittle temperature 

range (BTR) [79]. This interval is characterized by decrease of plasticity and is the most 

probable for cracking. Overall, three factors play a leading role in forming of hot cracks: 

1) Temperature derivative of the elastoplastic strain; 

2) BTR range; 

3) Minimal plasticity of the material within BTR. 

2.5.2 Liquation Cracking 

The liquation cracking is also a kind of intergranular failure that occurs during 

solidification in the partially melted («mushy») zones of the material because of grain 
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boundary liquation [108-110]. This kind of cracking is the most common for Al-, Ni-, and 

Fe-based systems [110]. High thermal contraction of bronze and presence of intermetallics 

provokes the increase of this type of cracking in case of Fe-Cu system FGMs [108,110]. 

Several works state that a high-energy input of the AM could also be a reason of the 

liquation cracking [111,112]. 

2.5.3 Ductility Dip Cracking 

The ductility dip cracking, associated with a local ductility loss, occurs between the 

different grains only in a solid state of material [108,110,113,114] in an elevated 

temperature range of (0.5∙𝑇𝑚𝑒𝑙𝑡) ≲ T ≲ 𝑇𝑠𝑜𝑙, where 𝑇𝑠𝑜𝑙 is a recrystallization (solidus) 

temperature (according to the other data ‒ in a temperature range about 0.4∙𝑇𝑚𝑒𝑙𝑡‒0.7∙𝑇𝑚𝑒𝑙𝑡 

[111]). This type of cracking is actual for FCC alloys including Fe-, Ni- and Cr-based, but 

the systems that contain Cu also may suffer the ductility dip cracking: for instance, the 

Al-9Cu-6Ce (wt.%)-based AM-fabricated alloys demonstrated the ductility dip at elevated 

temperatures (≤ 400 ℃), which was attributed to a concomitant dip in a strain-rate 

sensitivity of deformation [115]. It should be noted that as distinguished from the liquation 

cracking, the ductility dip cracking doesn’t exhibit a liquation [110]. 

2.5.4 Cold Cracking 

Cracking, which appears in material during its cooling at T ≲ 473 K or within 

several days after printing, is called cold cracking. Cold cracking has a character of a slow 

failure. A long-time influence of the internal residual stresses causes elastoplastic strain on 

the borders between different grains. Boundaries of grains have less stress resistivity 
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comparing with grain bodies, because the most part of the crystal lattice distortions are 

concentrated at the boundaries of grains [79]. Therefore, the most common areas of cold 

cracks appearance are boundaries of the grains. Besides, further movement of a crack may 

include as boundaries, as bodies of the grains. The high solidification rate, which is 

common for laser 3D-printing, may provide intensification of many phase transformations 

in material, such as 𝛾 ⟹ 𝛼 transformation in SS, and decrease the cold cracking resistivity. 

The grain refinement can contrarily increase this parameter. Overall, three most common 

sources of the cold cracking could be specified: 

1) Source №1 is a forming of the hard and brittle phases in the material during its 

solidification. If some regions gain low plasticity, high hardness and increased specific 

volume (in other words, it may be said that these regions suffer full or partial hardening), 

their interface areas become saturated by the internal stresses. 

2) Source №2 is an existence of the hydrogen (in several specific cases). Admixture 

of the hydrogen also may result in a cold cracking in case of special kinds of steels or 

titanium alloys. Solubility of hydrogen in these materials strongly increases while the 

temperature grows. Therefore, the liquid metal during the DED may include a lot of 

hydrogen that can be taken from the environmental gases. It is one of reasons of the 

necessity of the shielding gas during the DED. 

3) Source №3 is a combined source. The majority of cold cracks in the real cases 

(specifically of steels and titanium alloys) is provided by both sources simultaneously ‒ 

appearance of the low-plasticity phases along with filling with the hydrogen. 
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In the case of DED of Fe-Cu system FGMs, the cold cracks may be observed in 

three different regions of the FGM: 

‒ in the steel area due to all three sources described before (hardening phases that 

appear due to transformation of austenite to martensite, inclusion of hydrogen, or combined 

source); 

‒ in bronze area due to precipitation of hardening phases common for Cu-based 

alloys (β’-phase ‒ structured solid solution based on electron compound of Cu and Zn with 

BCC lattice ‒ is more usual for brasses; Sn-enriched phases, such as Cu31Sn8; Pb-based 

phases); admixture of hydrogen or oxygen (the last one is the most undesired chemical 

element in pure copper or bronze) [79]. 

‒ in the border area if it consists of: 

‒ another material (in case of intermediate section method) ‒ the source depends 

on the chemical composition of this material; 

‒ mixture of both materials (gradient path method) due to forming of the new brittle 

phases based on steel and bronze elements; 

‒ alternating layers of steel and bronze (alternating layers technique [118]) ‒ the 

same as in the previous case. 

If the border area is a narrow interface between steel and bronze (direct joining 

method), the most common types of cracking are the hot cracks and liquation cracks. 

2.5.5 Rewarming Cracking 

The rewarming cracking that occurs due to cyclical repeated heating of the 

previously solidified layers is also a widespread source of cracking in the laser deposited 
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FGMs, including Fe-Cu system alloys. The low laser radiation absorption coefficient of 

copper in the infrared area of spectrum (that is common for most part of commercially 

available industrial fiber lasers, such as erbium-doped and ytterbium-doped) could be the 

trigger for the fast-appeared rewarming cracking: necessity of the high laser power 

implementation during the deposition of Cu-based layers leads to significant overheating 

of the volume of part that lays beneath; the depth of a such influence could be estimated 

using the equation (1). The slow-appeared rewarming cracking could appear during the 

heat post-treatment conducted after printing (postweld heat treatment cracking) [111], such 

as high tempering, that is carried out under a DED-fabricated part to decrease its residual 

stresses. The rewarming cracking is characterized by its own BTR, that is lower than BTR 

of the hot cracking, and is commonly presented by the intercrystalline failure in the coarse-

grained area of the part. 

2.5.6 Summary 

In case of DED of Fe-Cu system FGMs, the most widespread types of cracking are 

hot, liquation, and rewarming cracking.  Low-temperature cracking (ductility dip and cold) 

appears rather more uncommonly. The methods that could be suggested to struggle the 

cracking in these materials are: 

‒ increase of intermixing in the interface zones that could be achieved by 

implementation of several specific techniques such as ultrasonic-assisted manufacturing 

and oscillating laser DED; 
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‒ grain refinement using such techniques as the ultrasonic vibration assistance, 

magnetization of the melt pool by the external field, heat treatment (e.g. annealing) by the 

external laser source during the printing, and oscillating laser DED; 

‒ decrease of microstructural defects such as porosity, shrinkage cavities, unmelted 

particles and foreign inclusions that could appear as stress concentrators; 

‒ exploitation of another laser sources instead of commercial fiber lasers (such as 

green disk solid-state lasers) with higher radiation absorption coefficient for Cu-based 

areas of FGM to decrease the excessive heat input into the material; 

‒ realization of new experimental techniques such as hybrid laser-arc directed 

energy deposition; 

‒ application of the intermediate section method to suppress a formation of brittle 

intermetallics that could be also provoked by increase of intermixing as its negative side 

effect; 

‒ formation of stable phases during solidification by supplementation of additional 

constituents such as aluminum and nickel (e.g. D22 alloy); 

‒ improvement of the thermal history of the alloy by changing of its fabrication 

process parameters; 

‒ implementation of the alternating layers technique that could be also suggested 

as an effective method of cracking reduction in Fe-Cu laser-deposited FGMs. 

2.6 Experimental Methods 

In this section, the experimental methods applied to study physical characteristics 

of materials in this research, are discussed. 
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2.6.1 Optical Microscopy 

 Optical microscopy is a standard basic method of metallographical research. 

Optical focusing system allows making scaled image of the object. Magnification of this 

method varies from x2 to approximately x200. 

2.6.2 Scanning Electronic Microscopy 

Scanning electronic microscopy (SEM) is a method of more detailed 

metallographic research. In this technique, magnification is higher than that of optical 

microscopy. It equals from approximately x250 to x5000 for standard microscope, and to 

x1000 000 – for advanced. Electron beam hits the surface of the object and removes 

secondary electrons from it. Their signal is collected by the receiver system, and their 

quantity depends on the incidence angle of the initial electrons (surface topography). 

2.6.3 Energy-dispersive X-ray Spectroscopy 

EDX is a method of microelement analysis of various materials. In this method, 

electron beam focuses on the specimen’s surface and provokes the emission of the X-rays. 

Their energy and quantity are determined by the energy-dispersive spectrometer. These 

parameters provide the data about the elemental composition of the target material. 

2.6.4 X-ray Diffraction Analysis 

XRD analysis is a diffraction-based method of the material structure and phase 

composition research. It is based on the diffraction of X-rays on the 3D crystal cell. 

Diffraction angle points at possible phases, which can be found in the specimen.  
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2.6.5 Digital Image Correlation (DIC) Analysis 

During tensile testing, prepared specimens are fixed in the grips of testing machines 

and stretched with constant or varied velocity until their failure. Tensile testing principle 

and conditions are described in ASTM E8/E8M-16a [116]. The results of tensile testing 

can be analysed using digital image correlation (DIC) approach. It is optical non-

interferometric non-contact method based on the measuring the displacement of the loaded 

structure elements. In this method, the series of images is taken by a high-speed camera 

and analyzed by the DIC software. Correlation between them provides a set of the strain 

maps, and the stress fields can be also obtained from them. 

Mechanical characteristics of the material except UTS, which is considered to be 

the value of tensile stress corresponding to the maximum load, can be precisely determined 

after tensile tests. The elasticity modulus values can be obtained from angles between linear 

parts of the engineering stress-strain curves and the positive abscissa axis. Also, the 

stiffness measurements can be performed using indenter (see subsection 5.5). The specific 

energy of the proportional strain can be determined as a triangle area under the stress-strain 

curve in the region of the proportional strain. The residual plastic part of the absolute strain 

ΔLplast, which persists in the specimen after its failure, the elastic part ΔLelastic, which 

disappears after the rupture, and their ratio ΔLplast / ΔLelastic, which indicates the stage of 

loading related to the failure of the specimen, can be also acquired by the stress-strain 

curves. 
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2.6.6 Microhardness Measurement 

Microhardness tests (and stiffness measurements too) can be performed in 

automatic or manual modes via microhardness measuring machines with a different kinds 

of hard indenters (a steel ball, a diamond cone, a triangular or four-cornered diamond 

pyramid). The resulted value of microhardness depends on the size of impress. An 

indention force is a variable parameter, the resulting value of microhardness can be 

recalculated in a different scale automatically by means of machine’s equipment and 

software. 

2.6.7 Measurement of Coefficient of Linear Thermal Expansion 

A CLTE can be measured using different approaches. The precise approach is based 

on heating up to specific temperature by a heating plate or oven and subsequent strain 

measurements using dilatometer. A rough approach relies on using less accurate length 

measuring instrument such as a hand caliper or micrometer. This exact study is based on 

the second method. 

2.6.8 Differential Scanning Calorimetry 

Differential scanning calorimetry (DSC) is a thermal analysis technique that 

measures the energy absorbed or released by a sample as a function of temperature or time 

[117] thus describing the thermophysical properties and phase transitions of various 

materials. In the current study, the specific heat capacities of eight different laser-deposited 

Fe-Cu alloys were experimentally determined by DSC for both heating and cooling cycles.  
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2.6.9 Vibrating Sample Magnetometry 

Vibrating sample magnetometer measures magnetic properties of materials based 

on the Faraday’s Induction Law. The specimen placed in the machine moves up and down, 

and the induced electric field’s current is proportional to the specimen’s magnetization. 

The results of the measurement demonstrate the hysteresis curve. 

2.7 Thesis Research Problem Statement 

The practical significance of the research of the DED of Fe-Cu system FGMs is 

reasoned by the wide range of its applications. The novelty of this topic is based on the 

poor current amount of scientific data in this field. Parts fabricated from Fe-Cu FGMs may 

work in various external conditions associated with prominent mechanical loads, high 

temperatures, vibration and impact loads, and can be also applied as components of 

electromagnetic devices [211-213]. The results of the deep literature review showed that 

the most of the mentioned physical properties depends on microstructural parameters (grain 

orientation, shape, and size, cell parameter, phase, structural, and elemental composition, 

presence of defects) of as-fabricated alloys. However, the specific behavior of these 

dependences is commonly absented in the up-to-date literature. Therefore, the 

microstructural, and hence – mechanical, thermal, and magnetic properties of Fe-Cu 

system FGMs are needed to be studied to a greater extent. Moreover, the most important 

direction of study in this field is the gradient transition zones between Fe-based and Cu-

based sections of the FG part in respect to various building strategies. These zones are the 

most complicated to produce them and control their parameters due to specificities and 

obstacles of Fe-Cu system, first of all, limited mutual miscibility and huge gradient of 
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physical characteristics (thermal expansion, thermal conductivity, thermal diffusivity, 

elasticity modulus, radiation absorption degree, melting point) between Fe and Cu. 

Therefore, parameters of the transitional zones themselves have to be investigated in a deep 

measure to ensure fabrication of flawless Fe-Cu FG parts. Summarizing, it is needed to 

research microstructural properties of the mentioned alloys and their influence on 

meaningful mechanical characteristics (UTS, yield stress, elasticity modulus, strain-to-

fracture, Poisson’s ratio, residual strain, modulus of resilience, and microhardness) and 

thermal properties (CLTE, specific heat capacity, and correlation between them). 

Also, it is needed to experimentally observe methods of improving quality of FG 

parts and apply the obtained results in fabrication of the prototype of the real FG Fe-Cu 

system part. 

This thesis research is devoted to solving all the above-mentioned problems and 

states the prospective directions for the further studies in this field including the ultrasonic-

assisted DED. 
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II Experimental Part 

Chapter 3. Experimental Research of Deposition Strategies: Direct Joining, 

Alternating Layers’ Technique, and Gradient Path Method 

The first point in the experimental part of the research is the comparison of different 

deposition strategies and realizing the appropriate ones in the further experiments. The 

common techniques of FG structures synthesis are the direct joining, the gradient path 

method, the intermediate section method [71], and the alternating layers’ technique [118] 

(Figure 5). The direct joining is a simplest conjunction method with a sharp transition 

between 100% metal A and 100% metal B. The gradient path method introduces a 

gradually changed path where the composition changes gradually from one component to 

the other by applying rule-of-mixtures to guide powder feed rates during the fabrication 

process. This type of gradient path is a compositional gradient that starts from 100% metal 

A and gradually changes to 100% metal B. The intermediate section method expands the 

ability to fabricate metallic FG materials from 100% metal A to 100% metal B by 

depositing additional materials in the middle as intermediate sections to help get rid of 

unwanted phases that may be easily formed in the gradient path method. Alternating layers’ 

technique presents multilayer samples with changing single layers of the metal A and the 

metal B. The current was devoted to the methods, which are the most prospective for Fe-

Cu system: direct joining method, which fabricated experimental samples with two sharp 

transitions (a lot of layers of SS, one layer of aluminium bronze, a lot of layers of SS again), 

alternating layers’ technique, and the gradient path method. 
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Figure 5 — Build strategies of joining a metal A and a metal B [71]. 

 

3.1 Materials, Methods, and Equipment 

For the experiment, three series of the experimental samples were fabricated by 

three mentioned build strategies. The materials used in experiments were SS AISI 316L 

and aluminium bronze with 10% Al content similar to UNS C61800 (fraction 45-125 μm). 

The chemical composition of SS 316L is well-known and can be found in [118]. Chemical 

composition of the aluminium bronze is shown in Table 4. 

Table 4 ‒ Chemical composition of the aluminium bronze. 

Chemical element Cu Al Fe Pb Sb Si Sn Zn 

Content, wt.% Base 9.5 1.0 0.02 0.05 0.1 0.05 0.05 

All experiments presented in this thesis were performed using the MX-1000 

(InssTek, Daejeon, Republic of Korea) technological installation working in the DMT 

(direct metal tooling) mode [118,119,126]. In this mode, the output laser power 

automatically changed during printing from the predefined minimum and maximum values 
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accordingly to a feedback control signal ‒ the distance between a melt pool and a nozzle 

of the laser head measured using two side cameras mounted on the laser head in each 

moment [121]. The average output laser radiation power in case of SS was equal to 308 W, 

maximum power – to 450 W, and in the case of aluminium bronze these values were equal 

to 500 W and 750 W, respectively. Power of laser radiation was chosen in accordance with 

the bronze infrared radiation absorption coefficient which was lower than the same 

coefficient of SS. Other operation conditions were: 0.85 m/min scanning speed (the same 

as for all the experiments in this thesis except as otherwise noted), 3.5 g/min powder rate, 

5 s cooling time between layers, and no substrate preheating. Argon was applied as a 

feeding and shielding gas. Gas flow rates amounted to (here and everywhere in the thesis 

except as otherwise specified): coaxial gas — 0.85 L/min; powder gas — 2.0 L/min; shield 

gas — 10.0 L/min. The geometrical parameters of the deposited powder beds here and 

everywhere below in the text were: bed height — 300 μm; layer thickness — 250 μm; bed 

width — 800 μm; hatch spacing — 300 μm. 

Scheme of the tracks’ formation is shown in Figure 6. Width of a single track was 

equal to 800 μm; covering of the tracks (hatch spacing) – to 300 μm.  

 
Figure 6 – Configuration of the tracks’ formation in a single layer of all experimental 

samples (left picture – layers with an odd numerical order, right picture – with an even 

order). 
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This configuration can be optimized further for the specific printer, which is used 

for DED. In this specific case, the additional belting tracks on the periphery of the part 

were added to remove the defect – sagging of the edges of the printed layer. The 

disadvantage of the presented approach is additional heat input to the edge area of the part.  

A 1 kW cw-ytterbium fiber laser produced by IPG Photonics (Oxford, the United 

States; Russian branch – Moscow district, Fryazino) was used in the experiments here and 

below. Output laser wavelength was equal to a 1064 nm. Focus of a laser beam was on a 1 

mm level under the surface of the piece.  

Here and in all other experiments discussed in this thesis, the specimens were 

pressurized, grinded, and polished using TechPress 2TM and MetPrep 3TM/PH-3TM (Allied 

High Tech Products, Inc., CA, United States) with 6 μm minimal grain size concerning 

ASTM E3-11(2017) [127] and E2014-17 [129]. Microstructure images were obtained via 

the optical microscope Axio Scope.A1 (Carl Zeiss GmbH, Germany). All samples were 

previously treated with the etch (the etchant ‒ H2SO4 with ethanol and CuCl2, the etching 

time ‒ from 5 to 7 s concerning E340-13 [128]). 

3.2 Direct Joining SS 316L and Bronze 

The experimental samples series №1 (Figure 7, the bottom part of the sample is 

leftward) fabricated via direct joining demonstrated cracking on a border between stainless 

steel and aluminium bronze. We can see that the nucleus of each crack lies in the bronze 

part of the sample. The main task in this case is to understand what exactly was an occasion 

of the cracking: the powder defects (foreign deposits, defects of the shape and size), a local 

porosity of the part and other defects caused by issues with the treatment regimes, or the 
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specific aspects of a structure and a chemical composition of the deposited part, local 

embrittlement caused by forming of brittle and hard structures like intermetallics. 

 
Figure 7 – Crack formation on a border of SS and aluminium bronze. The dark structure 

– aluminium bronze, the light structure – SS. 

3.3 Alternating SS 316L and Bronze Layers 

The experimental samples series №2 grown from the same materials on the same 

operation conditions had no cracks at all. The scheme of the multimaterial deposition is 

shown in Figure 8a; the resulting microstructure with alternating layers of SS 316L and 

aluminum bronze optical micrograph is demonstrated in Figure 8b. All images of the 

microstructure demonstrate the absence of cracking or visible porosity in the whole volume 

of the specimen. We also observed the interpenetration of steel and bronze between nearby 

layers in the case of steel-on-bronze deposition, but the bronze-on-steel gives us a sharp 

and clear interface, as it is seen in Figure 6b. It is the result of higher rigidity and hardness 
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of steel as well as better miscibility of steel in the melt bath of bronze compared to the 

miscibility of bronze in the melt bath of steel. The penetration of steel into bronze improves 

microhardness of bronze layers [215] and its other mechanical characteristics but the 

intrusion of bronze into steel lowers mechanical properties of the steel layers. 

The aluminum bronze forms a cross-linked morphology, which is seen in the ×100 

magnified image. The angle deformations associated with inequal overheating were 

observed in the edge areas of the specimen (Figure 9). As in Figure 8, the dark layers 

correspond to bronze, and the light layers correspond to steel in Figure 9. 

 

(a) 

 

(b) 

Figure 8 ‒ The laser deposition scheme (a) and the resulting gradient structure (b). 
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(a) 

 

(b) 

Figure 9 ‒ Edge effects in the gradient specimens (a,b) (marked by ellipses). 

One of the reasons which caused this flawless fabrication was presumably a 

different thermal history in previous layers of samples series №1 and series №2 associated 

with differences between thermophysical characteristics of stainless steel and aluminium 

bronze. The huge number of layers of steel under the single layer of bronze (samples series 

№1) caused another sort of heat affection on the following layers comparing with structure 

with «sandwiched layers» (samples series №2). 

3.4 Fabrication of SS 316L – Bronze FGMs Using the Gradient Path Method 

The gradient path method can be realized with the gradual increase of one 

component amount and decrease of that of another component. This method is strongly 

effective in the case of DED-fabricated Fu-Cu FGMs and other kinds of FGMs, which 

consist of initial components with very different physical characteristics. Percentage of the 

first component of the gradient alloy changes gradually or sharply changes from 100% to 

0% while the percentage of the second component increases from 0% to 100%. Gradient 

transition may include change of chemical composition, microstructure type, physical 
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properties, etc. Figure 10 schematically demonstrates the gradient transition from the pure 

material A to the pure material B directly (top picture) and through the intermediate section 

of the third material C (bottom picture). In the current research, the gradient path method 

also didn’t demonstrate cracking in the specimens, as well as alternating layers’ technique. 

 

Figure 10 ‒ Schemes of the gradient path approaches. 

3.5 Discussion 

 Difference between thermal expansion coefficients of materials along with rapid 

intermetallic growth, increase of microhardness, increase of elasticity modulus, and local 

embrittlement of the FG laser-deposited parts with two sharp transitions created from 

stainless steel AISI 316L and aluminium bronze in a DMT mode [119] via the direct joining 

scheme [120] lead to cracking on a border between SS and aluminium bronze. Two other 

strategies (alternating layers’ technique and gradient path method) provided significantly 

better quality of bonding without observable defects. Porosity of such multilayer structures 

had an acceptable size and didn’t influence on the resulting quality. Presumably, cracking 

in these structures was entirely excluded because of reassignment of internal stresses and 

deformations in volume of a part. 
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3.6 Interim Conclusion 

The effects of cracking in Fe-Cu FGMs can be suppressed by producing alternating 

layers’ structures or using the gradient path method instead of direct joining under the same 

operation conditions. This approach leads to a comparatively favorable thermal history 

during the laser treatment process and provides an acceptable quality for the resulting part. 

The microstructure and physical characteristics of such parts are studied below. 
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Chapter 4. Microstructural Characteristics of SS 316L – Bronze FGMs 

4.1 Materials, Methods, and Design of the Experiment 

The next experiment was aimed at the more detailed study of microstructural 

characteristics of the DED-fabricated quasi-homogeneous alloys and sandwich structures 

of the Fe-Cu system. They were the object of interest because they could be implemented 

both by themselves and as transitional zones in FGMs [68,121-125] including the Fe-Cu 

system. All these structures were fabricated using deposition strategies tested in the 

previous chapter. Three common types of the structures were investigated: 

• The first type — 50 wt.% SS 316L + 50 wt.% bronze; 

• The second type — 25 wt.% SS 316L + 75 wt.% bronze; 

• The third type — a multilayer gradient steel–bronze structure. 

Simultaneous powder feed fabricated the 1st and the 2nd types. Alternated 250-μm-

width layers created the 3rd type. 

The experimental specimens were built on a base of four materials, which were 

prospective for the fabrication of Fe-Cu FGMs [125]: 

• SS 316L‒5520 (fraction 50–150 μm) manufactured by Höganäs Belgium SA; 

• Aluminum bronze (was already discussed before) similar to UNS C61800 

(fraction 45–125 μm), manufactured by Polema JSC (Tula, Russia); 

• Tin bronze similar to the copper-tin alloy CuSn10-B/CB480K, (fraction 

100–140 μm) manufactured by Polema JSC (Tula, Russia); 

• Chromium bronze similar to UNS C18400 chromium copper, (fraction 63–

125 μm) manufactured by Polema JSC (Tula, Russia). 
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Table 5 presents the chemical compositions of Sn and Cr bronzes. The chemical 

composition of Al bronze was presented earlier in Table 3. The composition of SS 316L 

can be found in [118]. 

Table 5 ‒ Chemical compositions of bronzes (wt.%). 

Element Sn Bronze Cr Bronze 

Cu Base Base 

Al 0.05 ‒ 

Cr ‒ 0.76 

Fe 0.10 0.05 

Ni 0.10 0.05 

O2 ‒ 0.05 

P ‒ 0.02 

Pb 0.05 ‒ 

S ‒ 0.01 

Sb 0.05 ‒ 

Si 0.05 ‒ 

Sn 9.96 ‒ 

Zn 0.11 ‒ 

Therefore, 8 groups of parts were fabricated in total (group 9 – the alloy of 

alternating layers of tin bronze and SS 316L – was excluded from consideration because it 

showed poor laser manufacturability and did not obtain an appropriate shape during the 

fabrication because of low heat consumption and poor adhesion of Sn bronze and steel). 

The study [125] approved this methodology and tested this set of groups (Table 6). The 

same types of alloys were discussed in the thesis [173]. It discussed the applicability of 

these alloys as transitional zones of Fe-Cu FGMs fabricated via the gradient path method 

and the alternating layers’ technique [125]. 

Table 6 ‒ Set of groups1 [125]. 

Group № 1 2 3 4 5 6 7 8 

Description 
C61800+SS 

(50/50 wt.%) 

C18400+SS 

(50/50 wt.%) 

CB480K+SS 

(50/50 wt.%) 

C61800+SS 

(75/25 wt.%) 

C18400+SS 

(75/25 wt.%) 

CB480K+SS 

(75/25 wt.%) 

C61800+SS 

(alt.) 

C18400+SS 

(alt.) 
1 Abbreviation «alt.» referred to sandwich structures with alternating layers of steel and bronze. 
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The specific fabrication conditions of the specimens could be found in §3.1 of this 

study and in [125]. The microstructure analysis was performed using optical microscopes 

Altami MET 1C (OOO Altami, Saint Petersburg, Russia) and Axio Scope.A1 (Carl Zeiss 

GmbH, Germany). The specimens were treated with the etching (50 ml HCl  + 50 ml 

C2H5OH + 2.5 g CuCl2 during time ~8‒10 s) concerning E340-13 [128] and E2014-17 

[129]. SEM was conducted using the Quattro SEM microscope (Thermo Fisher Scientific, 

Netherlands) accordingly to ASTM E766-14(2019) [130] and E2014-17 [129]. The Bruker 

maXis impact mass spectrometer (Bruker Corporation, Billerica, MA, USA) was used for 

EDX microelement analysis concerning ASTM E1508-12a(2019) [131] and E2014-17 

[129]. The XRD data were received on the Rigaku Ultima IV X-ray diffractometer (Rigaku 

Corporation, Tokyo, Japan). The Match! software ver. 3.13 build 220 (CRYSTAL 

IMPACT, Bonn, Germany) analysed the XRD raw data. 

4.2 Specificities of Microstructure Formation in SS 316L – Bronze FGMs 

The main goal of this thesis is making a scientific basis for the study of gradient 

structures that includes both Fe-based and Cu-based zones. Their mutual behavior and 

characteristics of the resulting alloy is a significant object of interest. It was also seen from 

the results of chapter 3 that implementation of alternating transitions between layers of 

steel and bronzes makes the material to be flawless even if the same treatment conditions 

lead to cracking in the case of direct joining. Therefore, the microstructure of alloys made 

from alternating layers of aluminium bronze and steel is needed to be discussed 

specifically. The results of SEM of specimens of group 7 proved the presence of the 

dendritic structure. These results are shown in Figure 11; the inserts demonstrate the single 
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dendrites. The dark areas in Figure 11 are related to the Fe-Cr-based regions; light areas 

are related to the Cu-based regions (see the results of the EDX analysis in Figure 12; the 

other elements, such as C, Al and Ni, were distributed almost regularly within the entire 

area of scanning). The significant inequality of the Fe-Cr-based structural elements size is 

seen in the SEM images. Different regions of the specimen demonstrated different 

microstructures: Fe-based elements have spherical and quasispherical shapes in one region 

and columnar and dendritic forms in the other. The ultra-high disproportional dendritic-

shape crystal is observed in the right-bottom area of the image (Figure 11). The average 

width of its primary element was approximately equal to 18 μm. 

 
Figure 11. The dendritic structure of the FG specimen of group 7. 
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(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 12 ‒ The results of the EDX analysis of group 7 ((a) ‒ the base image, (b) ‒ the 

Fe-based regions, (c) ‒ the Cr-based regions, (d) ‒ the Cu-based regions). 

In Figure 13, other SEM images of fabricated specimens are demonstrated.  Figure 13a 

shows the SEM image of the aluminum bronze C61800 and SS (50/50 wt.%) binary 

material (group 1). SEM micrographs with higher magnification taken from the central 

areas of group 1 specimens are shown in Figures 13b and 13c. Other images are related to 

specimens of group 7. 
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a b 

  
c d 

  
e f 

Figure 13 ‒ SEM micrographs of fabricated specimens. a-c: C61800+SS (50/50 wt.%); 

d-f: C61800+SS (alt.). 

4.3 Phase and Elemental Composition of SS 316L – Bronze FGMs 

Three points were selected for the EDX microanalysis of group 1 (Figure 13a): in 

the middle zone, a Fe-based island expected (point 1), at its border from a side of the island 

(point 2), and at the border from the opposite side (point 3). 
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The EDX microanalysis of the specimen of group 7 was conducted at three points 

also (Figure 13d): inside the dark cell (point 1), inside the dendritic-shaped element (point 2), 

and inside the light matrix (point 3). The elemental concentrations in points 1-3 of Figure 13a 

are presented in 2-4 rows of Table 7; in points 1-3 of Figure 13d – in 6-8 rows. Figure 14 

demonstrates the results of XRD analysis of group 7. 

Table 7 ‒ Elemental concentrations in points 1-3 of SEM micrographs (Figure 13a,d). 

Row № Group 1 (UNS C61800+SS 316L (50/50 wt.%) – Figure 13a 
1 Point Fe, at.% Cr, at.% Ni, at.% Mo, at.% Cu, at.% Al, at.% 

2 1 67.69 17.56 13.27 1.09 0.21 0.07 
3 2 62.79 17.41 6.21 1.33 8.02 4.24 
4 3 2.98 0.45 2.23 0.05 82.37 11.92 
5 Group 7 (UNS C61800+SS 316L (alt.)) – Figure 13d 
6 1 56.92 15.55 3.16 – 15.15 9.22 
7 2 21.50 5.01 3.79 – 55.05 14.65 
8 3 4.78 0.84 2.68 – 78.69 13.01 

A qualitative XRD pattern analysis of group 7 revealed the existence of γ-Fe (unit 

cell a ≅ 3.65 Å [132]) and α-Cr (a ≅ 2.88 Å [133]) phases (from now on unit cells were 

determined using Match! [134] ver. 3.13 build 220). The analysis was conducted on the 

assumption of a possible existence of Fe, Cu, Cr, Mo, Mn, and Al in the alloy conferring 

to the initial powder chemical compositions ([118]) and a possible presence of oxygen. 

This group is not a Cr-bronze-based group but Cr exists in the phase composition of SS 

316L. The matching phases demonstrated in Figure 14 (red and green peaks) point at the 

absence of a δ-Fe phase (a ≅ 2.86 Å) in the group 7 specimens. The formation of γ-Fe in a 

low-temperature area was typical for the binary Fe-Cu system consistent with its phase 

diagram [7,135-139] but was not observed in a Fe-Cr system [140,141]. But we see that 

only γ-Fe and α-Cr are presented in the diffractogram. Therefore, some kind of third phase 

had to exist in the alloy except of γ-Fe and α-Cr. It could be: 
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• ε-Cu, which could be responsible for the existence for a γ-Fe instead of α-

Fe after solidification in this ternary system. The results of the EDX microanalysis proved 

the presence of copper in Fe-Cr-based areas of the group 7 deposits (see Table 7). 

• Al: its existence was also proved by EDX microanalysis. We observed {FCC 

austenitic 𝛾-Fe} → {BCC ferrite 𝛼-Fe} phase transformation in DED-fabricated Fe-Cu alloys 

when deposited SS and C61800 simultaneously. This effect appears only in the presence of Al. 

The deposition of chromium bronze or tin bronze with SS didn’t produce such a result. 

• Cu3Al, which is based on the composition of two above-mentioned 

elements. It may be found here because of discussed {𝛾-Fe} → {𝛼-Fe} phase transition, 

both existence of Cu and Al in the Fe-Cr-based zones, which was proved by EDX, and the 

needle-type microstructure of these areas. 

 
Figure 14 ‒ XRD pattern data of group 7. 1st, 3rd, 5th, 7th, 8th, and 10th peaks correspond 

to the 𝛾-Fe phase; 2nd, 4th, 6th, 9th, and 10th – to 𝛼-Cr 
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4.4 Crystallization Rate and Dendritic Structure of SS 316L – Bronze FGMs 

The existence of the dendritic structure revealed in SS-bronze specimens pointed 

at necessity of the more detailed study of the microstructure formation characteristics. It is 

known [142,143] that there is a dependence in different binary metal systems between the 

structure type (dendritic, cellular–dendritic or cellular), the solutal undercooling criteria 

√𝑣𝑐𝑟𝑦𝑠𝑡/𝐺 and the admixture concentration C0 (Figure 15) [142,143]. 

 

Figure 15 ‒ The alloy structure type dependence on the solutal undercooling criteria and 

the admixture concentration [142,143]. 

In Figure 15, vcryst is the crystallization rate and G = ∂T/∂n is the temperature 

gradient [142] (n is the distance from the phase interface to the considered point towards 
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normal direction). Figure 15 demonstrates the dependencies between the growth of the 

admixture amount and forming of the dendritic structure within the definite range of the 

solutal undercooling criteria. This dependence can be experimentally tested for binary 

system laser-deposited alloys such as Fe-Cu FGMs in three steps. The first step is an 

analytical estimation of the crystallization rate function, the second step is a determination 

of the temperature gradient in the volume of the workpiece, and the third one is devoted to 

the admixture mass concentration evaluation. The current study reports the results acquired 

in the first step, and further investigation in this field is going to answer other two questions. 

4.4.1 Evaluation 

The dendritic structure, which occurred during the crystallization process of the 

FGM of group 7, in our case was observed mainly in the central part of the slab. It was an 

area where the temperature gradient near the crystallization front had its minimal value, 

which is in good accordance with the theory [142]. It is known that the most common 

occurrence of dendrites is a shrinkage porosity [142]. In our case, all specimens were 

replete with sub-microscale pores (size of a single pore was less than 500 nm) (Figure 16), 

and the areas with the highest porosity consisted of the highest number of dendrites. 
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Figure 16 ‒ The sub-microscale porosity of the specimen. 

The dendritic and spherical cellular structure is also seen in the micrograph in 

Figure 17. The interesting phenomenon here is an inner curvature inside the Cu-based 

region (a large light area in the middle of the image) that demonstrates a solidified turbulent 

whirlwind-like flow of the liquid alloy. 

 
Figure 17 ‒ The SEM micrograph of the Fe-Cu FGM. 
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The size of the single dendrite secondary elements was estimated using the results 

of SEM (Figure 18). The black areas here consist from steel as it was shown by the results 

of EDX (some of them are demonstrated in Figure 12). 

 
Figure 18 ‒ The evaluation of the secondary elements of the dendrites sketch. 

Let us write Equations (12) and (13) in the dimensionless coordinates 𝐾𝑦 = 𝑦/𝑃, 

𝐾𝑧 = 𝑧/𝐻: 

𝜕𝑓(𝑦, 𝑧)

𝜕𝑦
= −

𝐾𝑦

𝐾𝑃𝐿 ∙ √1 − 𝐾𝑦2 −𝐾𝑧2
 , (15) 

𝜕𝑓(𝑦, 𝑧)

𝜕𝑧
= −

𝐾𝑧

𝐾𝐻𝐿 ∙ √1 − 𝐾𝑦2 − 𝐾𝑧2
 , (16) 

where 𝐾𝑃𝐿 = 𝐿/𝑃 and 𝐾𝐻𝐿 = 𝐿/𝐻 are the dimensionless form factors. Here, P is the half-

width of a single track, and H is the depth of the laser influence (the depth of the HAZ). 

P equals: 

𝑃 =
800

2
= 400 μm = 4 ∙ 10−4 m. (17) 

The depth of the HAZ H can be estimated by equation (18) from [146,147]: 
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𝐻 ≅ 2 ∙ √
𝑎 ∙ 𝜏𝑝

𝜋
−
𝑇𝑚𝑒𝑙𝑡 ∙ 𝜆

𝑞
, (18) 

where 𝜏𝑝 is the duration of the laser treatment (under the condition 𝜏𝑝 ≤ 𝜏𝑚𝑎𝑥, where 

𝜏𝑚𝑎𝑥 = 𝑑𝑓
𝑤/(2 ∙ 𝑎) and 𝑑𝑓

𝑤 is the laser beam diameter on the surface of the workpiece 

[24]), and q is the laser power density on the surface of the workpiece. In our conditions, 

the average laser power 𝑄𝐴𝐵 = 500 W for aluminum bronze, and 𝑄𝑆𝑆 = 308 W for 

stainless steel. The average laser power for our calculations is assumed equal to 

𝑄 = √𝑄𝐴𝐵 ∙ 𝑄𝑠𝑠 ≅ 392 W. (19) 

In our experiments, the approximate diameter of the spot on the surface of the 

workpiece was estimated as 𝑑𝑓
𝑤 = 500 μm (Figure 19), so the average laser power density 

on the surface of the workpiece is 

𝑞 =
4 ∙ 𝑄

𝜋 ∙ (𝑑𝑓
𝑤)

2 ≅ 2.00 ∙ 109 W/m2. (20) 
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Figure 19 ‒ The laser source focusing scheme. 

Near the melting points, with the atmosphere pressure, the thermal diffusivity of 

SS 316L is approximately 𝑎𝑆𝑆 ≅ 3.5 ∙ 10−6 m2/s [56], of aluminium bronze 𝑎𝐴𝐵 ≅ 

≅ 1.5 × 10−4 m2/s [57], and of air 𝑎𝑎𝑖𝑟 ≅ 3.6 ∙ 10
−4 m2/s [58]. Since the experiments 

were performed with a binary alloy of both metals with a small amount of porosity, the 

generalized thermal diffusivity factor was estimated for a first approximation as 

𝑎 = 𝑎𝑎𝑖𝑟 ∙
𝑉𝑎𝑖𝑟
𝑉∑

+ 𝑎𝐴𝐵 ∙
𝑉𝐴𝐵
𝑉∑

+ 𝑎𝑆𝑆 ∙
𝑉𝑆𝑆
𝑉∑

≅ 7.7 ∙ 10−5 𝑚2/𝑠 (21) 

Here, approximately, the volume of air was estimated as 0.1%, of bronze 49.95% 

and of steel 49.95% of the whole slab. 

The same calculation should be provided with a thermal conductivity coefficient: 

𝜆𝑆𝑆 ≅ 35.1 W/(m × K) [56], 𝜆𝐴𝐵 ≅ 75.0 W/(m × K) [59], 𝜆𝑎𝑖𝑟 ≅ 0.1 W/(m × K) [58]: 
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𝜆 = 𝜆𝑎𝑖𝑟 ∙
𝑉𝑎𝑖𝑟
𝑉∑

+ 𝜆𝐴𝐵 ∙
𝑉𝐴𝐵
𝑉∑

+ 𝜆𝑆𝑆 ∙
𝑉𝑆𝑆
𝑉∑

≅ 55.0 𝑊/(𝑚 ∙ 𝐾). (22) 

The melting points of our metals are approximately equal to: 𝑇𝑚𝑒𝑙𝑡
𝑆𝑆 ≅ 1420 ℃ and 

𝑇𝑚𝑒𝑙𝑡
𝐴𝐵 ≅ 1070 ℃; the metal with the lower melting point decreases the melting point of the 

whole alloy [143]; and the reason for the drift of the melting point of the binary alloy is the 

distribution of the admixtures between liquid and solid phases. Therefore, for a first 

approximation, the melting point of our binary alloy can be considered as 

𝑇𝑚𝑒𝑙𝑡 =
𝑇𝑚𝑒𝑙𝑡
𝑆𝑆 + 𝑇𝑚𝑒𝑙𝑡

𝐴𝐵

2
≅ 1245 ℃ = 1518.15 𝐾.  (23) 

In our case, the laser pulse duration was set as 

𝜏𝑝 = 0.001 ∙ 𝜏𝑝
𝑚𝑎𝑥 =

𝑑𝑓
𝑤

2000 ∙ 𝑎
= 1.79 ∙ 10−3 𝑠.  (24) 

Therefore, from (18) 

𝐻 ≅ 8.83 ∙ 10−5 𝑚.  (25) 

So 

𝐾𝑦 =
𝑦

𝑃
= 2500 ∙ 𝑦 [

1

𝑚
],  (26) 

𝐾𝑧 =
𝑧

𝐻
≅ 11325 ∙ 𝑧 [

1

𝑚
] . (27) 

Assuming (11), (15) and (16), 

𝑐𝑜𝑠𝛼 =
1

√
1 +

(
𝐾𝑦
𝐾𝑃𝐿

)
2

+ (
𝐾𝑧
𝐾𝐻𝐿

)
2

1 − 𝐾𝑦2 − 𝐾𝑧2

. 

(28) 
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Let us add new dimensionless form factor KLP and consider the dimensions of the 

real melt bath l, 2∙p, and h (length, width, and depth respectively), the dimensionless factor 

B = H/h, and dimensionless adjusting factors m, n, and j, which describe the difference 

between the real melt bath and the analytical one: 

𝐾𝐿𝑃
2 =

1

𝐾𝑃𝐿
2 =

𝐿2

𝑃2
=

𝑙2 ∙ 𝐵2

2 ∙ 𝐵 − 1
𝑝2 ∙ 𝐵2

2 ∙ 𝐵 − 1

=
𝑙2

𝑝2
=
(𝑒 − 1)2

8 ∙ 𝜋 ∙ 𝑒
∙
𝑛2

𝑚2
∙
𝑞 ∙ 𝑣𝐷𝐸𝐷
𝑎 ∙ 𝜆 ∙ 𝑇𝑚𝑒𝑙𝑡

=

= 0.043217 ∙
𝑛2

𝑚2
∙
𝑞 ∙ 𝑣𝐷𝐸𝐷
𝑎 ∙ 𝜆 ∙ 𝑇𝑚𝑒𝑙𝑡

 

(29) 

and paste 

1

𝐾𝐻𝐿
2 =

1

𝐾𝑃𝐿
2 ∙

𝑗2

𝑛2 ∙ (2 ∙ 𝐵 − 1)
 (30) 

into (22), the dependence of the crystallization rate from the deposition conditions with a 

fast-moving concentrated source will be found in the case of the ellipsoid crystallization 

front: 

𝑣𝑐𝑟𝑦𝑠𝑡 = 𝑣𝐷𝐸𝐷 ∙ 𝑐𝑜𝑠𝛼 =
𝑣𝐷𝐸𝐷

√1 + 0.043217 ∙
𝑞 ∙ 𝑣𝐷𝐸𝐷

𝑎 ∙ 𝜆 ∙ 𝑇𝑚𝑒𝑙𝑡 ∙ 𝑚2 ∙
𝑛2 ∙ 𝐾𝑦2 +

𝑗2

2 ∙ 𝐵 − 1 ∙ 𝐾𝑧
2

1 − 𝐾𝑦2 − 𝐾𝑧2

 
(31) 

If the crystallization front is described as a full ellipsoid, then B = 1, and m = n = j = 1 

[142]. In this light, 

𝑣𝑐𝑟𝑦𝑠𝑡(𝑦, 𝑧) = 𝑣𝐷𝐸𝐷 ∙ 𝑐𝑜𝑠𝛼 ≅
𝑣𝐷𝐸𝐷

√1 + 0.00672 ∙ 𝑞 ∙ 𝑣𝐷𝐸𝐷 ∙
𝐾𝑦2 + 𝐾𝑧2

1 − 𝐾𝑦2 − 𝐾𝑧2

; 

(32) 
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𝑣𝑐𝑟𝑦𝑠𝑡(𝑦, 𝑧) ≅

≅
0.014

√1 + 0.00672 ∙ 2 ∙ 109 ∙ 0.014 ∙
(6.25 ∙ 𝑦2 + 128 ∙ 𝑧2) ∙ 106

1 − (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2) ∙ 106

≅ 

≅
0.014

√1 +
1.9 ∙ 1011 ∙ (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2)
1 − (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2) ∙ 106

. 

(33) 

Now, the value of vcryst in any point (y, z) that belongs to the ellipse segment can be 

estimated: 

{(
𝑦

𝑃
)
2

+ (
𝑧

𝐻
)
2

≤ 1,

0 ≤ 𝑧 ≤ 𝐻,
 (34) 

among the research of the function behavior in the irregular points. 

In the middle point (the center of a laser beam spot) y = 0, z = 0, the crystallization 

rate is equal to the laser scanning speed according to (33): 

𝑣𝑐𝑟𝑦𝑠𝑡(0,0) ≅
0.014

√1 +
0
1

= 0.014 m/s = 𝑣𝐷𝐸𝐷 
(35) 

In general, this result could be achieved directly from (31): independently of 

concrete values of the process parameters, the crystallization rate in point (0,0) is equal to 

the scanning speed of the source. 

Proposition 1. Using (33) (in particular) or (31) (in general), the proposition about 

the crystallization rate in the crystallization front can be proved: 

lim
𝑧→𝐻

𝑣𝑐𝑟𝑦𝑠𝑡(0, 𝑧) = lim
𝑦→𝑃

𝑣𝑐𝑟𝑦𝑠𝑡(𝑦, 0) = 0. (36) 
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Proof of Proposition 1. Firstly, in our case, in the border point y = 0, z = H = 

= 8.83·10−5, from (33) 

𝑣𝑐𝑟𝑦𝑠𝑡(0, 𝐻) ≅
0.014

√1 +
1.9 ∙ 1011 ∙ (0 + 128 ∙ 7.8 · 10−9)
1 − (0 + 128 ∙ 7.8 · 10−9) ∙ 106

≅
0.014

√1 +
1.9 ∙ 105

1 − 1

≅

≅
const

√1 +∞
; 

(37) 

lim
𝑧→𝐻

𝑣𝑐𝑟𝑦𝑠𝑡(0, 𝑧) =
1

√1 +∞
=

1

√∞
=
1

∞
= 0. (38) 

Secondly, in the other border point y = P = 4 × 10−4, z = 0, from (33) 

𝑣𝑐𝑟𝑦𝑠𝑡(𝑃, 0) ≅
0.014

√1 +
1.9 ∙ 1011 ∙ (6.25 ∙ 1.6 ∙ 10−7 + 0)
1 − (6.25 ∙ 1.6 ∙ 10−7 + 0) ∙ 106

≅
0.014

√1 +
1.9 ∙ 105

1 − 1

=

=
const

√1 +∞
; 

(39) 

lim
𝑦→𝑃

𝑣𝑐𝑟𝑦𝑠𝑡(𝑦, 0) =
1

√1 +∞
=

1

√∞
=
1

∞
= 0 = lim

𝑧→𝐻
𝑣𝑐𝑟𝑦𝑠𝑡(0, 𝑧) □ (40) 

The melting process stops by reaching the crystallization front, so the 

crystallization rate in these points becomes equal to zero in the limit, and this phenomenon 

does not depend on the concrete parameters of process, which can be easily proved using (31). 

Figure 20 demonstrates the graph of the two-variable function vcryst (y, z). It is seen 

that the value 𝑣𝑐𝑟𝑦𝑠𝑡 = 𝑣𝐷𝐸𝐷 = 0.014 m/s, which was calculated above, is a maximal 

value of this function (and belongs to point (0,0)), and the crystallization rate steeply 

decreases with the distance from the center of the laser heat spot. 
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Figure 20 ‒ The crystallization rate function graph ([z] = m, [y] = m, [vcryst] = m/s). 

Now, using the function vcryst (y, z), the width of the secondary elements of the 

dendrites function a (y, z) can be defined and the size a (y, z) in any point of the area (34) 

can be found: 

𝑎(𝑦, 𝑧) =
2 ∙ 𝐷𝑙
0.014

√1 +
1.9 ∙ 1011 ∙ (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2)
1 − (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2) ∙ 106

=

=

𝐷𝑙 ∙ √1 +
1.9 ∙ 1011 ∙ (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2)
1 − (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2) ∙ 106

0.007
. 

(41) 

For the Fe-Cu system, the diffusion coefficient was estimated in [148] as 

𝐷𝑙 = 0.03 ∙ 10
−4 ∙ 𝑒

−187∙103

𝑅∙𝑇 . (42) 

In our case, T = Tmelt = 1518.15 K, and R = const ≅ 8.315 J/(mol·K). Therefore, 

𝐷𝑙 = 0.03 ∙ 10
−4 ∙ 𝑒

−187∙103

8.315∙1518.15 ≅ 1.12 ∙ 10−12 m2/s. (43) 
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Firstly, in can be seen that the width of the secondary elements of the dendrites at 

the center of the laser source spot (0,0) depends only on the laser scanning speed 𝑣𝐷𝐸𝐷 (35) 

and the diffusion coefficient 𝐷𝑙: 

𝑎(0, 0) =
𝐷𝑙 ∙ √1 +

0
1

0.007
≅ 1.6 ∙ 10−10 𝑚 ≅ 0.2 𝑛𝑚 =

2 ∙ 𝐷𝑙
𝑣𝑐𝑟𝑦𝑠𝑡(0, 0)

=
2 ∙ 𝐷𝑙
𝑣𝐷𝐸𝐷

. 
(44) 

Therefore, from (41) and (43) 

𝑎(𝑦, 𝑧) = 1.6 ∙ 10−10 ∙ √1 +
1.9 ∙ 1011 ∙ (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2)

1 − (6.25 ∙ 𝑦2 + 128 ∙ 𝑧2) ∙ 106
. (45) 

The width of the secondary elements of the dendrites is in inverse proportion with 

the crystallization rate (7). While the crystallization rate decreases, the secondary elements 

become wider. In the border points (P,0) and (0,H), where the crystallization rate reaches 

zero in limit (36), the width of the secondary elements of the dendrites function reaches the 

infinite value in limit 

lim
𝑦→𝑃

𝑎(0, 𝑧) = lim
𝑧→𝐻

𝑎(𝑦, 0) =
𝑐𝑜𝑛𝑠𝑡

0
= ∞. (46) 

Function (45) demonstrates that there are two approximate theoretical areas of the 

dendrites in our specimen. The first area (Figure 21) is the region of the nanoscale and 

quasi nanoscale (~50 nm) dendrites («small dendrites»). The minimum value of the 

function is reached at point (0,0) (as it was calculated above, it is equal to 0.2 nm). The 

second area is the region of the «huge dendrites», where the secondary elements of 

dendrites reach the submicronic size (approximately from 10−7 to 3 × 10−7 m). Figure 22 

demonstrates the function behavior for interval 0 ≤ a ≤ 3.5 × 10−7 m. It is seen from Figure 
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22 that there is a steep increase in a by getting closer to the crystallization front. It is evident 

that point a = amax, aligned with the hugest dendrites of the specimen, should exist. 

 
Figure 21 ‒ The area of the «small dendrites» (z, y, and a are provided in meters). 

 
Figure 22 ‒ The width of the secondary elements of the dendrites function graph 

(z, y, and a are provided in meters). 

It can be seen from Figure 18 that the numerical results have a good accordance 

with the experimental data in the area of the «huge dendrites». The width of the secondary 

elements of the dendrites from Figure 18 was estimated as being from 200 to 800 nm (from 

2×10−7 to 8×10−7 m). 
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In conclusion, it should be mentioned that there is a theoretical dependence between 

the width of a secondary element of a dendrite and the temperature gradient G = ∂T/∂n [142]: 

𝑎 =
2∆𝑇 ∙ 𝑡𝑔𝛾

𝐺
, (47) 

where 𝛾 is the vertex angle of the element of the dendrite [149], and ∆𝑇 is the crystallization 

interval of the alloy. Using equation (7), we can achieve the system (50) for γ: 

2 ∙ 𝐷𝑙
𝑣𝑐𝑟𝑦𝑠𝑡

=
2∆𝑇 ∙ 𝑡𝑔𝛾

𝐺
, (48) 

𝑡𝑔𝛾 =
𝐺 ∙ 𝐷𝑙

𝑣𝑐𝑟𝑦𝑠𝑡 ∙ ∆𝑇
, (49) 

{
 

 𝛾 = 𝑎𝑟𝑐𝑡𝑔 (
𝐺 ∙ 𝐷𝑙

𝑣𝑐𝑟𝑦𝑠𝑡 ∙ ∆𝑇
)

−
𝜋

2
< 𝛾 <

𝜋

2
.

, (50) 

The estimation of the vertex angles of the dendrites growing in the Fe-Cu FGMs 

using (50) and comparison of the analytical values with the angles measured during 

experiments is a viable task for future research in this field. 

4.4.2 Summary 

The dendritic structure analysis was performed in the case of the DED of an FGM 

created from aluminum bronze with 10% Al and 1% Fe content and SS 316L using the 

alternating layers’ technique [118] (group 7). The microstructure was observed using 

optical and SEM methods, and the EDX analysis was performed. Using the fast-moving 

point source model with an ellipsoid crystallization front, two important crystallization 

parameters were analytically evaluated: the crystallization rate and the width of the 

secondary elements of the dendrites. The analytical dependence between vertex angles of 
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the dendrites, the crystallization rate, crystallization interval and temperature gradient were 

demonstrated. It was shown that in the case of a model of a fast-moving concentrated 

source with an ellipsoid crystallization front, the crystallization rate at the center point of 

the heat spot is equal to the laser scanning speed. The width of the secondary elements of 

the dendrites a at this point of the Fe-Cu laser-deposited FGM was evaluated using the 

model as 0.2 nm. The function a (y,z) demonstrated the existence of an area of «small 

dendrites» (with the width of the secondary elements from 0.2 to approximately 50 nm) 

and «huge dendrites» (approximately from 0.1 to 0.3 μm) (these results were calculated 

using the resulting equation). The theoretical width of the secondary elements of the «huge 

dendrites» was found to be in good accordance with the experimental data (it was estimated 

as being from 0.2 to 0.8 μm using the SEM micrographs). Near the crystallization front, 

the crystallization rate tends to zero, and the width of the secondary elements of the 

dendrites tends to infinity, according to the results of the theoretical analysis. It was 

supposed that there were no dendrites in the FGM after the «critical point», whose 

coordinates (ymax, zmax) could be also estimated by numerical methods. The results of this 

research can be applied in further investigations of the crystal structure of laser-deposited 

binary system FGMs, for improvement of the mathematical models and methods in this 

area of the crystallization process physics. The possibility to predict the geometrical 

parameters of the micro- and nanostructure at the single-crystal level allows varying the 

necessary physical and mechanical characteristics of the resulting gradient materials [150-155]. 
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4.5 Interim Conclusion 

The observed types of microstructure of SS 316L – bronze laser-deposited alloys 

were mainly dendritic and cellular-dendritic. Deposition parameters (scanning speed, laser 

power) strongly influence the resulting microstructural characteristics of as-fabricated 

parts. For instance, the size of dendritic elements depends on the crystallization rate, and 

the crystallization rate itself depends on the scanning speed of the laser source. 

Decreasing dimensions of dendritic elements such as their secondary elements are 

expected to lead to an improvement in the mechanical properties of FG alloys. {FCC 

austenitic γ-Fe} → {BCC ferrite α-Fe} phase transformation is the most important phase 

process in these materials in terms of possible influence on the physical and mechanical 

properties of the resulting parts. This effect was observed in the presence of Al in the case 

of the deposition of aluminium bronze and SS 316L. 

Specific elements (Fe, Cu, Cr) were distributed unevenly in all cases, and 

intermixing in the gradient alloys was difficult due to the huge positive enthalpy of mixing. 

This issue can be reduced by using several specific techniques such as ultrasonic-assisted 

laser deposition (discussed later in the text of the current study) and oscillating laser DED. 

The most common microstructural defects of Fe-Cu parts are porosity, gas pockets, 

hot and liquation cracking, which can be eliminated by the proper choice of the deposition 

strategy, material composition, and operation conditions. The observed porosity had a sub-

microscale size with a characteristic dimension of a single pore lower than 500 nm. The 

fewer defects were observed in the parts deposited by the alternating layers strategy 

(variating 250-μm-layers of the bronze and the steel).  
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Chapter 5. Mechanical Properties of SS 316L – Bronze FGMs 

  The next goal of this study is the investigation of important mechanical properties 

of the resulting FGMs and their elements (quasi-homogeneous structures) and determining 

their correlation with microstructural characteristics of the alloys studied before. 

5.1 Materials, Methods, and Design of Experiment 

  The materials and methods of making Fe-Cu structures were the same as it was 

discussed in Chapters 3 and 4. Specimens for tensile tests were prepared via electrical 

discharge machining using Mitsubishi-MV-1200R (Mitsubishi Electric Europe B.V., 

Ratingen, Germany). The resulting tensile test specimen shape was chosen according to 

[156-164]. Tensile tests were performed under the terms and conditions of ASTM E8/E8M-

16a [116] at the rate of 2.7 mm/min using INSTRON 5969 dual column testing system and 

an INSTRON Bluehill® Universal materials testing software (Norwood, Massachusetts, 

United States), later the results were analyzed via Vic-3D DIC package (Correlated 

Solutions, Inc., Irmo, South Carolina, United States). The elasticity modulus values were 

obtained from angles between linear parts of the engineering stress-strain curves and the 

positive abscissa axis. The specific energy of the proportional strain was determined as a 

triangle area under the stress-strain curve in the region of the proportional strain. There 

were estimated the residual plastic part of the absolute strain ΔLplast, which persists in the 

specimen after its failure, the elastic part ΔLelastic, which disappears after the rupture, and 

their ratio ΔLplast / ΔLelastic, which indicates the stage of loading related to the failure of the 

specimen. UTS is considered to be the value of tensile stress corresponding to the 

maximum load. The macrofractography analysis was conducted in the same way as it was 
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done for microstructural characterization in Chapter 4. Microhardness tests and stiffness 

measurements were performed in automatic mode via the PB-1000 mechanical hardness 

tester (Nanovea, CA, United States) with a triangular Bercovich diamond pyramid as an 

indenter. An indention force was equal to 3 N, the resulting values of microhardness were 

automatically recalculated in a Vickers’s scale.  

5.2 Results of Tensile Testing and Their Correlation with Microstructure of Materials 

Based on the results of mechanical tests, the engineering stress-strain curves were 

obtained for all groups (see supplementary Figures S.1 ‒ S.17). The elasticity modulus is 

seen in these curves as an angle between their linear parts and the positive abscissa axis. 

The squares of shaded triangle regions show the quantitative meaning of the specific energy 

of the proportional deformation (modulus of resilience).  

The calculated mechanical characteristics of materials of all groups acquired from 

engineering stress-strain curves are collected in Table 8. 

Table 8. Mechanical characteristics of all groups. 

Characteristic \ Group № 1 2 3 4 5 6 7 8 

Ultimate tensile strength, MPa 838.6 450.8 562.6 709.0 411.4 471.1 715.6 466.3 

Yield stress, MPa 665 325 415 445 280 340 625 355 

Strain-to-fracture (ΔL/L0) 0.035 0.114 0.139 0.139 0.102 0.145 0.065 0.090 

Modulus of resilience, MJ/m3 1.03 0.84 0.88 0.94 0.35 0.68 1.51 0.51 

Plastic-to-elastic strain ratio 

(ΔLplast/ΔLelastic) 

0.87 2.40 3.44 4.37 3.41 3.25 1.53 3.29 

Elasticity modulus1, GPa 6.53 18.53 21.26 16.88 33.11 20.25 8.20 22.26 

Poisson’s ratio 0.230 0.292 0.331 0.289 0.370 0.308 0.359 0.250 

The stress-strain behavior of the other two field-averaged components of the strain 

tensor exx and exy
 is presented in Figures 23a and 23b, respectively. Blue dotted lines (groups 

 
1 The sources of such low values of elasticity modulus are discussed in the text further.  
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1-3) refer to C61800-based alloys; solid red lines (groups 4-6) – to C18400-based; green 

dashed lines (groups 7-8) – to CB480K-based. The σxy graph of group 8 was excluded from 

consideration because of the unstable behavior of the strain-sensor gauges readings. It can 

be found in Figure 24. The ultimate absolute values of exx, exy, and eyy are summarized in 

supplementary Table S.1. 

  
a b 

Figure 23 ‒ Stress-strain behavior of exx (a) and exy (b) components of a strain tensor. 

 

Figure 24 ‒ The σxy’s behavior of group 8.  

It is seen from Table 8 that C61800-based specimens (groups 1, 4, and 7) had better 

tensile mechanical characteristics (moduli, YS, UTS) than other groups. The highest 

average UTS was demonstrated by groups 1, 4, and 7. The lowest mechanical strength was 
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associated with C18400-based parts: group 5, group 2, and group 8. Therefore, it was seen 

that laser-deposited Fe-Cu materials based on SS had the highest tensile mechanical 

strength combined with C61800. Binary materials with C18400 demonstrated the worst 

quality. The CB480K-based alloys had intermediate UTS characteristics.  

Analysis of the obtained values of UTS and comparison with recently published 

related studies demonstrated the excellent mechanical characteristics of the fabricated 

C61800-based parts. The results presented by I. Sen et al. [165] showed the lower values 

of the engineering UTS of 0 wt.% and 3 wt.% Cu-added stainless steel 304H annealed up 

to 100 h. The highest measured UTS value was equal to 710.5 MPa. The tensile mechanical 

testing of Cu-SS FG structures deposited directly and through the Deloro 22 intersections 

[166] were estimated to be 648.2±25.4 MPa UTS for D22-SS FG structures, 720.1±13.3 

MPa for pure D22 alloy, and showed comparatively poor results for multi-metallic 

structures with copper: 226.2±4.4 MPa for Cu-D22-SS specimens, and 124.4±30.2 MPa 

for Cu-SS. It was higher than SLM-fabricated 99.2 wt.% Cu (195-211 MPa; 49±10 MPa) 

[166-168] and cold spray-produced CP copper (125 MPa) [166,169], but were relatively 

lower than any specimen presented above in Table 8 (including 75% bronze – 25% steel 

groups, and groups with alternating layers of bronze and steel too). The maraging steel-

copper functional bimetal fabricated via the SLM combined with the subtractive process 

[170] also showed lower UTS (not more than 557 MPa, which was slightly higher than that 

of copper [170] but lower than the UTS of the C61800-based groups 1, 4, and 7 showed in 

Table 8). 
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Moreover, not only AM-fabricated Fe-Cu and CP Cu structures showed lower UTS. 

Even the SS specimens, laser-deposited using different building directions (0°, 15°, 30°, 90°), 

demonstrated a lower UTS: less than 700 MPa ‒ in the study [171]; from ~220 to ~510 

MPa ‒ in the work [172] (it was less than UTS of the bar stock (~600 MPa) [172]). Because 

the building direction of 90° to the direction of loading exhibited higher UTS [171,240], it 

was expected to be possible to improve the tensile mechanical characteristics of all 

discussed groups 1-8 by variating their building directions. P. Guo et al. [240] 

demonstrated a ~17% increase of UTS of the high-power laser deposited SS 316L (from 

770 to 900 MPa), and Zhang et al. [174] reported about 19% UTS improvement (536 → 

639 MPa) provided by changing the building direction from 0° to 90°. The 90° building 

direction also revealed a preferable microstructure because of a higher homogeneity of the 

alloy. At the same time, 0°-built parts consisted of large dendritic grains due to the 

specificity of the thermal history (the high-temperature gradient between the melt pool and 

the previously deposited areas) [240]. These grains were produced by epitaxial nucleation. 

The specimens of groups 2-4 and 6 showed the highest values of the strain-to-

fracture (from 0.114 to 0.145). All of them were of the quasi-homogeneous structure 

without compositional gradient and mostly contained the tin bronze CB480K (groups 3 

and 6). The lowest values were related to aluminum bronze C61800. This material was also 

associated with high mechanical strength; therefore, these two factors pointed to favorable 

mechanical properties expressed in the high failure-and-strain resistivity. 

From Table 8, it was seen that all 75/25 wt.% alloys (groups 4-6) had low average 

specific proportional strain energy. The same could be said about groups with C18400 
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(2,5,8). Groups with C61800 (1,4,7) had the highest value of this parameter. The ultimate 

value of the specific proportional strain energy was observed in the case of C61800+SS 

alternating layers’ material and amounted to 1.51 MJ/m3. 

Engineering tensile stress-strain curves allowed the estimation of residual plastic 

strain and elastic strain, which entirely disappears when a specimen fails. Only group 1 

demonstrated an average plastic-to-elastic strain ratio less than unity among others. It 

means that the failure occurred during low plastic strain in this case. The applied stretching 

force caused internal stresses, which were lower than critical values that triggered an 

intercrystalline slip (initial phase of significant plastic strain) but were higher than stresses 

that could break interatomic bonds (beginning of the elastic strain). This phenomenon was 

observed only in the group of C61800-based specimens.  

Overall low value of elasticity moduli can be associated with porosity and gas 

pockets in the specimens. Their presence was proved by the results of the fracture analysis 

(see §5.4). Besides, it was seen from Table 8 that the highest average values of elasticity 

modulus (up to 33.1 GPa) corresponded to groups 5 and 8 (both – based on C18400). These 

materials also had the worst mechanical strength, but the highest brittleness. The lowest 

elasticity modulus was associated with groups created from C61800 and SS (groups 1, 4, 

and 7). Therefore, it could be concluded that these materials had both high mechanical 

strength and high elasticity. The current results were significantly lower (6.5‒16.9 GPa 

versus 35.6‒43.2 GPa) compared to previously measured elasticity modulus of alternating 

layers’ structures published in [118]. This distinction could be associated with the chemical 

compositions of the bronze powders, their grain particle’s size and shape, amount and size 
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of as-built parts porosity. Also, it should be noted that measurements discussed in [118] 

were conducted using another method. They were performed locally, mainly near the 

border zone between steel and bronze, which was enriched by intermetallics and tended 

crack formation. The difference between average and local elasticity modulus values was 

proved using the virtual local extensometer function in the Vic-3D. It was shown that the 

local strain differed from the section’s strain between two nearby points. It also differed 

from the overall specimen strain. 

As expected, the elasticity modulus of all Fe-Cu structures based on SS was lower 

than the same one of the laser-deposited SS (6.5‒33.1 GPa versus ~150‒200 GPa [172]). 

Groups fabricated from the tin bronze CB480K recognized intermediate elasticity modulus 

values compared to other groups (from 20.2 to 21.3 GPa). 

Similar research on the mechanical properties of CP SS parts fabricated by the DED 

was conducted by S.-H. Park et al. [175] using almost the same technological installation 

(InssTek MX-400). The elasticity modulus and the Poisson’s ratio were indirectly 

determined by measurement of velocities of the GHz-THz range ultrasonic waves that 

occurred in the material during a post-treatment ‒ surface shallow melting-mechanism laser 

polishing using the femtosecond laser system. The resulting elasticity modulus values 

ranged from approximately 209 GPa to 232 GPa (the direct measurement using tensile 

testing approved the accuracy of the indirect method based on the ultrasonic waves). This 

result was also predictably higher than the average results in Table 8 and even higher than 

the findings of [172]. Therefore, it could be concluded that adding 50 wt.% and more 
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bronze in the SS powder significantly lowers the elasticity modulus of the resulting DED-

fabricated binary Fe-Cu system part.  

Groups with the highest bronze fracture (№№ 4-6) exhibited higher average 

elasticity modulus (23.41 GPa) than groups 1-3 (15.44 GPa) and gradient groups 7-8 (15.23 

GPa). Therefore, they were more rigid and less elastic. It was correlated with the results of 

the exx and eyy behavior analysis and pointed to the expected decrease of the mechanical 

strength in the areas of Fe-Cu FGMs with the highest amount of bronze. Still, according to 

the stress-strain maps of exx and exy (Figures 23a,b), materials with the most significant 

stress tensor components σxx and σxy had almost the lowest corresponding strains exx and 

exy, respectively. They also had the most prominent angles between linear sections of stress-

strain curves and abscissa axes. The lengths of these linear sections had the highest values 

too. These particularities contrasted with the lowest elasticity moduli of specimens of 

groups 1 and 7 determined using engineering stress-strain curves (see Table 8). Therefore, 

the elastic behavior of the C61800-based alloys had an anisotropic character along the build 

direction and orthogonal. Although it ensured good isotropy within a plane of a single layer 

as stated above. This result had good agreement with the literature mentioned above 

[171,172,174,240]. The unusual shape of σxx(exy) and σxy(exy) diagrams in the case of group 8 

didn’t show a clear relationship with the resulting value of its elasticity modulus (see Table 8), 

which was presumably a result of a significant inhomogeneity of this alloy. The reason for 

this unexpected stress behavior is unclear yet and should be explicitly studied. 

The average yield stress estimation results show that C61800-based groups (1 and 7) 

had comparatively high average yield stress values (625 and 665 MPa). It was higher than 
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the SLM-fabricated SS (440 MPa) [176]. Moreover, they were even comparable with 

additive manufactured TiB2-reinforced SS matrix nanocomposite ‒ sheet molding 

compound (SMC)-5 (~830 MPa at room temperature and ≤520 MPa at temperatures of 

600°C and higher) and SMC-10 (~980 MPa at room temperature and ≤410 MPa at 

temperatures of 800°C and higher) [177]. The 0.2% yield stress measurements of DED-

fabricated SS samples presented by S. Kersten et al. [172] also showed lower average 

values (from 212.1 MPa to 285.56 MPa in dependence from the build direction). The SS 

yield stress demonstrated in the study [171] in reliance on a building direction was higher 

than the findings of [172]. Nevertheless, it was also lower than the yield stress of the 

C61800-based alloys of groups 1 and 7. This significant property of materials based on the 

C61800 considered their high mechanical strength and allowed them to be implemented as 

parts of high-loaded equipment. On the other side, the lowest values of the YS were 

attributed to the C18400-based materials of groups 2, 5, and 8 (from 280 to 355 MPa). As 

mentioned earlier, these materials were also characterized by the lowest UTS. The 

CB480K-based materials of groups 3 and 6 exhibited intermediate yield stress, near 415 

and 340 MPa respectively. 

The possible way of an increase of the YS in AM-fabricated parts of the system 

with positive enthalpy of mixing (as Fe-Cu) could be a grain refinement. A. Zafari and K. 

Xia [178] reported that compressive yield stress increased by a factor of 2.2 from ~400 

MPa in an SLM-produced Fe to ~900 MPa in immiscible Fe-Cu parts with 250 nm average 

grain size. It was associated with liquid separation, monotectic reaction, and solid-state 

phase transformations upon cyclic heating. These parts also showed an ultrahigh ultimate 
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compressive strength of ~1200 MPa. The same increase in the YS of the Fe-Cu system due 

to grain refinement could be expected in the case of the DED technology too. 

The notable specificity of groups of FG alternating layers’ alloys was the existence 

of the distinctive plateau between the elastic and the plastic strain, which was characterized 

by the increase of absolute elongation with almost constant internal stresses (see 

supplementary Figures S.13 and S.17). This plateau was associated with 700 MPa internal 

stress in the case of a specimen of group 7 and with 280 MPa in the case of a specimen of 

group 8. The last was equal to these specimens’ yield stresses. The visual analysis of the 

loaded specimens correlated with the existence of this plateau by the appearance of the 

Lueders-Chernov’s lines dense network on the flat surfaces of the stressed specimens. 

These lines were approximately 45° angle to the axis of load and are attributed to the 

displacements of the crystal planes with ultimate shear stresses. 

An average Poisson’s ratio of all experimental groups was calculated using the 

results of the evaluation of principal and additional components of a strain tensor through 

the Vic-3D. As predicted before experiments, all materials showed a Poisson’s ratio of 0.2 

‒ 0.4 average value. Comparing the resulting values with CP SS fabricated via traditional 

methods showed that Poisson’s ratio (0.28 ‒ 0.31) was close to the presented average 

results of groups 2, 4, and 6. Almost the exact Poisson’s ratio (0.33) of laser-deposited SS 

316L was discussed in the study [171]. Still, the results for the same material presented in 

[175] were significantly lower – from ~0.182 to ~0.197 independently from the 

measurement method. 
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It was seen from Table 8 that the large average Poisson’s ratio values (>0.308) were 

attributed to groups 6, 3, 7, and 5 (placed in order of the average Poisson’s ratio ascending), 

and had no apparent coherence with the bronze-steel balance and the kind of the applied 

bronze. The same was observed for the lowest values (≤0.292), which were presented by 

groups 2, 4, 8, and 1 (placed in order of the average Poisson’s ratio descending). 

Overall, better mechanical properties of C61800-based alloys may be linked to the 

closer characteristics of SS 316L & C61800 in comparison to SS 316L & C18400 and SS 

316L & CB480K in terms of closer mechanical strength values, lattice types and 

parameters (see Table 3).  

5.3 DIC Analysis 

The surface distribution of the principal strains e1 of all groups immediately before 

breaking generated by Vic-3D is demonstrated in Figure 25. The red and orange areas 

correspond to the large strains and the blue and purple – to the small strains. Black arrows 

in Figures 25e and 25h indicate strain concentrators and expected locations of defects 

discussed in the text. The direction of principal strains was observed along the build 

direction – Y axis in Figure 26. 
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a b c d 

    
e f g h 

Figure 25 ‒ Distribution of principal strains in specimens of all groups before breaking. 

a-h: groups 1-8, respectively. 
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Figure 26 ‒ The relationship between build direction and axes X, Y and Z. 

It is seen from Figure 25g that FG group 7 of the alternating layers’ alloy had a 

double-sided (up and down) increase of a principal strain alongside the vertical axis with 

evidently alternating strain value and two areas of the strain concentration. The DIC strain 

maps of the similar alternating layers’ structure fabricated from two kinds of SS (420 SS 

and C300 maraging steel) in [179] also exhibited the strain alternating between different 

layers of the specimen. Still, the period of this alternative was relatively less. This 

difference could be associated with higher intermixing of the C61800 and SS compared to 

420 SS and C300 maraging steel, which could also be seen from the microstructure patterns 

provided by C. Tan et al. [179]. Another possible source of this difference was a more 

significant degree of the epitaxial growth between the layers inherent in the alternating-

layered DED-processed multi-material structures [180]. The possible increase of 

intermixing was also approved by the exx strain distribution of an FG structure created from 

50 alternating Fe-Cu laminated sheets via the accumulative roll bonding [181]. In this 
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structure, the evident alternating character of strain distribution was also erased. The high 

intermixing leading from the layered to the network-like structure was observed with an 

increase in the number of layers. Another group with alternating layers (group 8) didn’t 

exhibit the alternating strain pattern. Still, it showed an intense ellipsoid-like concentrator 

in the top area, which probably corresponded to the defect in this specimen. One specimen 

of this group didn’t break entirely but suffered cracking in the area of maximum strain 

concentration. The same strain distribution, as in group 8, was observed in group 2, also 

created from SS and C18400 (defect caused a hyperboloid-like shape of major strain 

distribution near the strain concentrator marked by the arrow in Figure 25b). 

Except for group 7, only group 6 also had two areas of ultimate strains. Still, the 

non-gradient structure of the material didn’t provide any alternating internal strain value, 

as was seen in the FG structure of group 7. It was also visible that no groups created from 

the chromium bronze C18400 had more than one area of maximum strain. 

Additionally, it should be noted that a smooth character of the principal strain 

variation was inherent to all groups with a 50/50 wt.% ratio of steel and bronze, to group 4 

(75/25 wt.%) ratio of C61800 and SS), and to group 8 (alternating layers created from 

C18400 and SS). It indicated the higher homogeneity of these alloys and the absence of 

significant structural defects that could cause the multilateral strain concentration map. 

The stress-strain behavior of the exx (Figure 23a) and exy (Figure 23b) components 

of all groups demonstrated that there was no clear correlation between ultimate stress and 

type of mixing (50/50 alloys; 25/75 alloys; gradient alloys). The dependence between the 

type of mixing and ultimate values of exx and exy wasn’t also determined. However, such 
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reliance existed for different types of bronze. It was seen that aluminum-bronze-based 

groups (1,4,7) are characterized by the biggest stress σxx corresponding to the minor strain 

(Figure 23). The same was observed in the case of shear stress σxy (Figure 23b). The biggest 

values of stress tensor components pointed to better expected mechanical characteristics of 

C61800-based materials. The behavior of exy (a shear strain component) was almost the 

same as that of e1 (see supplementary Figures S.1 – S.17) everywhere except group 8. This 

group was characterized by the most unusual shape of the exy diagram (see Figure 24). As 

it was mentioned above, this graph was excluded from consideration because of the 

suggestion of the unstable behavior of the strain-sensor gauges readings. 

But it should be noted that such a chaotic oscillation of the exy absolute value and 

sign could also be caused by the existence of the significant strain concentrator in the top 

area of the specimen (marked by the arrow in Figure 25h), which was presumably provoked 

by the structural defect in the alloy. The component of a shear strain (exy) had the most 

significant value (0.0063) in the case of non-gradient 50/50 wt.% alloy of group 3 with the 

biggest absolute exx and eyy values (0.069 and 0.18, respectively). Contrarily, a non-

gradient 25 wt.% CB480K – 75 wt.% SS group 6 alloy with almost the same absolute exx 

and eyy values (0.066 and 0.17 respectively) had a 1.5-times lower exy, which was equal to 

0.004. It pointed to the decrease of the shear strain in the alloy with a higher CB480K 

constituent. Groups 4 and 5 based on C61800 and C18400 respectively, contrarily 

demonstrated an increase of the shear strain by the growth of their bronze fraction 

compared with groups 1 and 2. The gradient group 7 alloy also exhibited a low absolute 

shear strain (0.0029), as observed for groups 1-2 (0.0024–0.0031). The shear strain of 
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group 8 had the lowest absolute value (as well as exx and eyy) among all groups (0.00028) 

and was characterized by a negative sign. It means that the shape change of an elementary 

2D-square in the material by an external stretching load had another direction than all other 

discussed alloys. This unusual behavior could also be attributed to the existence of a strain 

concentrator, which location was marked by the arrow in Figure 25h. Overall, the biggest 

absolute values of exx were associated with CB480K-based alloys (groups 3 and 6, Figure 

23a), which also had comparatively big values of exy.  

A comparison of σxx (Figure 23a) and σxy (Figure 23b) maps showed that they had 

almost a symmetric shape. This property of a strain tensor is pointed at high homogeneity 

and isotropy (in the x0z plane) of the fabricated alloys. It was also proved by the results of 

optical microscopy and SEM with high magnification (see Chapter 4), which showed a low 

structural irregularity within a single layer of alloy. Further, if we compare two groups with 

the highest values of σxx and σxy according to Figure 23a,b, we will see that higher stress 

with lower strain was related to material with a more considerable average content of Fe, 

Cr, Ni, and Mo but lower Cu and Al (Tables 4 and 5). Therefore, there were reasons to 

expect Fe, Cr, Ni, and Mo to be desirable elements in the C61800-based Fe-Cu transitional 

zones of DED-fabricated FGMs, whereas Cu and Al – are undesirable. Subsequent research 

should mainly elaborate on this hypothesis. 

In the SEM micrographs with higher magnification (Figure 13b,c), which were 

taken from the central areas of group 1 specimens, a fine-grained microstructure with the 

existence of both cellular, dendritic, and cellular-dendritic elements was also demonstrated. 

The average porosity size visible in Figure 13b,c micrographs was lower than 1 μm, and 
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cracking wasn’t presented in these regions of the deposits. A study of another C61800-

based group with high mechanical characteristics (group 7) didn’t reveal the same 

microstructural patterns and elemental composition. Furthermore, the correlation between 

microstructure and high mechanical properties of the studied DED-fabricated Fe-Cu 

materials of groups 1 and 7 should be explicitly discussed. 

Unlike C61800 + SS (50/50 wt.%), the EDX microanalysis didn’t point to the 

existence of the molybdenum in the alternating-layered C61800-based alloy. It could be 

explained by the absence of a δ-ferrite in contrast to group 1, which was approved by the 

results of XRD analysis discussed in §4.3. Cellular-shaped element (Figure 13d, point 1) 

appeared as a Fe-based region with a 15.15 % atomic fraction of copper and almost the 

same as chromium. The dendritic element had a significantly lower Fe percentage (21.5 

at.%), lower Cr (5.01 at.%), and higher Cu and Al amounts (55.05 at.% and 14.65 at.%). 

The last point, 3, which corresponded to the matrix, was located in a Cu-based area with 

low fractions of Fe (4.78 at.%) and Cr (0.84 at.%).  

SEM micrographs of group 7 (Figure 13f) and group 1 (Figure 13c), which were 

taken at x10,000 magnification, showed less grain refinement of C61800+SS (alt.) than that 

of C61800+SS (50/50 wt.%) resulted in lower UTS and YS (see Table 8). The amount and 

porosity size of group 1 were approximately equal to group 7. Still, the SEM images of group 1 

(Figure 13b,c) revealed the existence of substantial void defects like gas pockets on the left 

side of the micrographs. The same pockets were observed by F.F. Noecker and J.N. DuPont 

in the Cu-rich area of the DEDed FG slab in the study [224]. These defects, nevertheless, 
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didn’t lower the mechanical properties of the fabricated parts of group 1 in our case in 

comparison to other groups. 

The {FCC austenitic 𝛾-Fe} → {BCC ferrite 𝛼-Fe} phase transformation could also 

increase the mechanical strength of fabricated C61800-based Fe-Cu alloys compared to 

C18400-based and CB480K-based ones (see the results of the XRD analysis in Chapter 4). 

5.4 Fracture Analysis 

Figure 27 shows the frames taken by the camera at the moment of breaking 

specimens of all groups. Using these frames, the common failure areas of all groups could 

be found, and suggestions about the ultimate stress zones could be made. Dimensions 

(6 mm) are shown for clarification of the scale. Several figures (27b,f) are blurred because 

of specimen vibration at the moment of its failure.  

    
a b c d 
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Figure 27 ‒ Frames of breaking of all groups. a: group 1; b: group 2; c: group 3; 

d: group 4; e: group 5; f: group 6; g: group 7; h: group 8. 

The main dependencies observed from all breaking frames (Figure 27) are 

discussed below. 

• The major part of the 50/50 wt.% specimens (groups 2 and 3), except C61800-

based, failed in the middle area. The same happened with groups 6 

(75/25 wt.%) and 8 (alt. layers). There were no C61800-based specimens that failed 

near the middle area. 

• Specimens of groups 1, 4, 5, and 7 mainly failed inside the grips. The major part of 

these groups was fabricated from the C61800. There was no apparent coherence 

between the steel-bronze proportion (50/50 wt.%, 75/25 wt.%, or alt. layers) and 

the «near the grips» failure character. 

• Specimens of C18400-based groups 2 and 8 with evidently observable strain 

concentrators (see Figure 25b,h) failed in the location of these concentrators (Figure 
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27b,h). Besides, these groups showed comparatively poor mechanical 

characteristics (see Table 8). C18400-based DED-fabricated Fe-Cu alloys had an 

excellent propensity for lowering mechanical strength due to undetermined issues. 

The last could refer to microstructural defects of an unclear nature. The fractured 

surfaces undoubtedly didn’t reveal the types and sources of the defects. Therefore, 

the reasons for such behavior should be studied specifically using an SEM and XRD 

analysis, which is expected to be done in the upcoming research. 

• The location of the ultimate strain of group 1 (colored by red in Figure 25a) didn’t 

correspond to its breaking area (Figure 27a). It could be a result of two possible 

reasons. The first one – the scope of the ultimate strain could be hidden by the 

bottom grip and wasn’t shown in Figure 27a. The second one is that areas of the 

ultimate local strain and ultimate local stress were different. The second suggestion 

points to the possibility of brittle intracrystalline character of the failure (failure 

during low plastic strain). This suggestion is proved by the plastic-to-elastic strain 

ratio’s low value (0.87) (see Table 8). 

• It was seen from Figure 25c that the most prominent strain was observed in the top 

part of the group 3 specimen. Nevertheless, its breaking occurred in the middle part 

(Figure 27c). It implies that this group’s areas of ultimate strains and ultimate 

stresses were different. In other words, the failure occurred in the region with a 

comparatively low tensile strain. But in this group, a high plastic-to-elastic strain 

ratio was observed (see Table 8). Hence, it means that the failure hadn’t an 

intracrystalline character, unlike group 1. This considerable absolute strain value 
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also indicated it in the region of failure of group 3 (see Figure 25c). In the case of 

group 1, this value was 0.0785 or lower (see Figure 25a). Therefore, a mismatch 

between the areas of ultimate local strains and ultimate local stresses was unclear 

in the case of group 3.  

• The specimen of group 4 failed in the area of maximum strain (Figures 27d and 

27d). The specimens of groups 2 and 8 did the same. It ensured the correspondence 

between areas of ultimate local strains and stresses in the case of group 4. 

• The specimen of group 5 suffered cracking inside the grips (Figure 27e). Therefore, 

it could be concluded that either its ultimate strain area is located inside the grips 

(see Figure 25e) or the areas with ultimate stress and strain are different. The same 

was stated above in the case of group 1. 

• The group 6 specimen had two zones of the ultimate stresses (Figure 25f) but it 

failed in its middle area (Figure 27f). As mentioned above, in the case of group 3, 

the failure occurred in the region with a comparatively low tensile strain. Plastic-

to-elastic strain ratio of this group was also high (it was equal to 3.25, see Table 8), 

and the absolute strain value in the failure region was approximately 0.17. Hence, 

a conclusion about the intracrystalline failure, in this case, was not obvious.  

• The group 7 specimen also had two areas of ultimate strains (see Figure 25g), and 

it failed near one of these zones (Figure 27g). Hence, this group’s stress and strain 

distribution maps were expected to be similar. 

Comparison of our fracture behavior with results of the pure SS specimens 

deposited using different building schemes [171] with nanoscale porosity showed that all 
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of them failed in their central areas without clear dependence on the building direction, 

which was the variable parameter in [171]. Therefore, it could be expected that the addition 

of the C61800 to the SS matrix led to the transition of the failure region from the central 

parts of the specimens to their tails. 

One prepared C18400 + SS gradient specimen didn’t fail after the tensile test but 

only cracked in its middle area. This macroscopic phenomenon of partial failure had similar 

behavior with a microscopic crack arrest [182] provided by specific elements in the 

crystalline structure of the specimen, such as a δ-ferrite in the binder jet-printed SS. The 

existence of the δ-ferrite in fabricated specimens, which was discussed above, proved a 

suggestion that exactly δ-ferrite could be responsible for this phenomenon. In Figure 28, 

the partially-failed specimen demonstrated the external pattern of the crack at the surface. 

Other fracture surfaces are shown in Figure 29. 

The most common type of breaking of all specimens was a brittle fracture. The 

same result was demonstrated by P. Guo et al. [240] in the case of SS alloy manufactured 

by the high-power DED. Nevertheless, this kind of fracture was not common for Cu-based 

AM-fabricated alloys and gradient structures with alternating layers. The roll-bonded 

alternating structure described by N. Koga et al. [181] showed that an increase in the 

number of layers mainly suppressed the brittle fracture, presumably due to grain 

refinement. It was pointed out that the neighboring Cu layers should suppress the brittle 

fracture of the Fe layers, which was observed on the pure Fe sheets with 20 μm grain size. 

However, in our case, a shear fracture was exhibited only by group 2 (C18400 + SS 316L 

(50/50 wt.%)) and group 7 (C61800 + SS (alt.)). X. Zhang et al. showed the exact 
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mechanism of a ductile fracture with many voids and dimples [183]. In that study, the Cu-

D22-H13 FG alloy was fabricated from the copper and H13 tool steel through the Deloro 

22 interlayer via the DED. The ductile fracture mechanism was also described in the 

example of a SS-Cu FGM with ~200 MPa UTS [166]. In that study, the FGM was also 

fabricated via the DED through the interlayers of the same nickel-based alloy. This FGM 

failed in the Cu zone (contrarily, the D22-SS specimens produced without copper exhibited 

a brittle fracture surface without dimples but with several micro-cracks). Khalid Imran et 

al. [184] studied the H13-Cu FG alloy after the DED process and characterized the absolute 

ductile fracture morphology with dimple fractures observed near the crack nucleus. H. Shi 

et al. [185] described all kinds of rupture (brittle, shear and ductile plastic, and 

transcrystalline) in the case of pre-alloyed Fe-Cu-based multi-material composite in 

dependence from the molten state content. All of them were also presented in the specimens 

of groups 1-8. They also depended on the wt.% chemical composition of the alloy. The 

transcrystalline fracture was common primarily for C18400-based groups (such as group 5), 

and the intracrystalline rupture was observed in the case of specimens based on the C61800 

(groups 1 and 7). 

  
a b 

Figure 28 ‒ Crack at the surface of group 8 specimen (a, b). 
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Figure 29 (a-h) demonstrates selected macrofractography images of specimens of 

all groups. White lines in the fractography patterns show borders of the images taken from 

different areas of the same specimen fragment or with different focal length of the 

microscope. If the scale of images is different, it is specified for each image separately. 

  
a b 

  
c d 

  
e f 

  
g h 

Figure 29 ‒ Selected fractography images of the specimens of all groups. a-h ‒ groups 1-8, 

respectively. 
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5.5 Microhardness Analysis 

The microhardness and additional elasticity modulus measurements were 

performed with a purpose to understand how does the DED process exactly influence over 

microhardness of the part and, as it was said before, to identify if there was local 

microhardness and brittleness increase in the transitional areas of the samples caused by 

intermetallics growth. The microhardness and elasticity modulus research were performed 

on two groups of samples – series №1 and №2 (see section 3 of the current study). Scheme 

of testing samples of the series №1 is shown in Figure 30. The measurements 1 ‒ 3 and 

10 ‒ 21 were performed on the steel areas of the samples’ transitional zones, the 

measurements 4 ‒ 6 ‒ on the bronze areas and the measurements 7 ‒ 9 and 22 ‒ 24 ‒ directly 

on the SS ‒ aluminium bronze border. The undersides of the samples under discussion are 

beneath in all three photos demonstrated in Figure 30. 
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Figure 30 ‒ A microhardness and elasticity modulus research №1 performed with the 

different experimental samples’ series №1. 

The scheme of the second microhardness and elasticity modulus research performed 

on the samples’ series №2, which had a multilayer structure, is shown in Figure 31. The 

underside of the sample demonstrated in the photo is beneath. 
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Figure 31 ‒ A microhardness and elasticity modulus research №2 performed with the 

experimental samples’ series №2. 

The results of all measurements performed on the samples series №1 and №2 are 

demonstrated in the graphs (Figure 32) and in Table 9. As it is seen, the total number of 

test points for the samples series №2 was less than the total number of test points for the 

samples series №1. The duration of each measurement cycle was 15 min. 

 
Figure 32 ‒ The microhardness research results.  
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Table 9. The results of the microhardness and elasticity modulus tests performed 

with the experimental samples series №1 and №2. 

Point № Microhardness, 
[HV3N] (samples 
series №1) 

Microhardness, 
[HV3N] (samples 
series №2) 

Elasticity modulus, 
[GPa] (samples 
series №1) 

Elasticity 
modulus, [GPa] 
(samples 
series №2) 

1 133.1 170.1 32.6 37.8 
2 171.1 266.0 34.9 43.2 
3 142.5 257.3 29.8 42.1 
4 178.8 241.9 34.2 40.3 
5 196.1 190.7 33.8 35.6 
6 194.7 198.2 33.7 36.2 
7 223.0 203.0 36.7 37.1 
8 177.0 188.0 33.5 36.6 
9 185.8 237.9 34.4 40.6 
10 135.4  19.7  
11 126.3  19.2  
12 142.7  20.2  
13 118.0  20.1  
14 140.7  21.4  
15 175.3  23.0  
16 145.2  20.1  
17 127.4  18.7  
18 145.2  19.6  
19 134.0  19.5  
20 149.9  20.6  
21 152.6  20.1  
22 217.5  24.1  
23 214.0  23.6  
24 194.4  21.7  

It can be observed from the first research (the samples series №1) that the 

measurements 1 ‒ 3 and 10 ‒ 21 performed on the steel zones showed the lower values of 

microhardness than the measurements of the bronze zone (4 ‒ 6). The results of the border 

measurements (7 ‒ 9 and 22 ‒ 24) demonstrated the highest average value of microhardness 

and elasticity modulus simultaneously. The reason of increase of microhardness and 

decrease of plasticity was growth of the brittle intermetallic structures such as FeAl. 

Internal stresses and deformations in the transitional zones of the samples caused by 

difference between the temperature expansion coefficients of materials (up to 19.6 × 10‒6 K‒1 
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for SS 316L and at the most 17.5 × 10‒6 K‒1 for aluminium bronze) were the reason of 

crack nucleus occurring on the grains of intermetallics. 

The results of the second research demonstrated that the average value of 

microhardness of the samples series №2 is higher than microhardness of the samples series 

№1 and microhardness distribution within the volume of the samples is more regular for 

the samples series №2 than for the series №1. 

In summary, the multilayer structures can have even a higher level of 

microhardness (up to 266 HV3N) and elasticity modulus (up to 43.2 GPa) but, nevertheless, 

cracking of them can be entirely excluded because of reassignment of internal stresses and 

deformations in volume of a part as it was mentioned in Chapter 3. 

5.6 Interim Conclusion 

This part of the research successfully evaluated and compared the essential 

mechanical characteristics of different groups of DED-fabricated Fe-Cu alloys. The UTS, 

yield stress, strain-to-fracture, modulus of resilience, plastic-to-elastic strain ratio, 

elasticity modulus, and Poisson’s ratio were experimentally investigated for the first time 

for the laser-deposited alloys usable as transitional zones of Fe-Cu FGMs: quasi-

homogeneous (50%‒50% and 75%‒25%) and gradient alternating layer’s alloys based on 

C61800, C18400, and CB480K with SS. The best mechanical properties were shown by 

C61800-based alloys due to their microstructural advantages and close characteristics to 

SS 316L (mechanical strength, lattice types and parameters).  
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With a complex of microstructural testing, the DIC method showed the alternating 

character of the principal strain distribution in the gradient specimens. Significant strain 

concentrators caused by microstructural defects were observed in both gradient and non-

gradient C18400-based specimens. The existence of δ-ferrite in UNS C61800-based non-

gradient alloys slowed grain growth, increased mechanical strength, and reduced fatigue 

properties. Precipitations of Cr2O3 and MnO were reasons for the yield strength increase 

of these structures. The absence of δ-ferrite in the alternating-layered C61800 + SS 

materials and their lack of grain refinement diminished the mechanical characteristics of 

these materials. Nevertheless, they remained high in comparison to C18400- and CB480K-

based alloys. 

Adding 50 wt.% and more bronze in the SS powder significantly decreased the 

resulting alloy’s elasticity modulus. The Fe-Cu laser-deposited alloys with the highest 

elasticity modulus demonstrated the lowest UTS and yield stress. The C61800-based 

materials showed remarkable notch toughness due to the high modulus of resilience up to 

1.51 MJ/m3. Overall mechanical properties of quasi-homogeneous alloys (with a 50/50 

wt.% bronze-to-steel ratio) showed higher mechanical characteristics than the gradient 

alloys and significantly better mechanical properties than the 75/25 wt.% ratio cases. 

Transitional areas with 75% bronze showed lower elasticity and higher mechanical rupture 

than gradient and quasi-homogeneous zones with a 50/50 wt.% ratio. Nevertheless, these 

two cases of the Fe-Cu transitional zones are preferable for future applications where the 

external stretching forces in the DEDed FG tools could be planned. 
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High-temperature mechanical testing could also be recommended to clarify this 

complex situation. Furthermore, an application of thermal post-treatment and/or ultrasonic 

influence during the DED process would be interesting for resolving the abovementioned 

problems. 

Microhardness and elasticity modulus increase at the transitional areas of the FG 

materials pointed to the existence of the brittle intermetallic phases in this area, which was 

proved earlier by the results of XRD analysis and optical microscopy (the last demonstrated 

cracking specifically in the areas of the gradient transition). Nevertheless, structures 

fabricated by the alternating layers’ strategy exhibited even higher microhardness and 

elasticity modulus values, but no cracking was observed in them during optical and 

scanning electronic microscopy. The phase composition of such structures was discussed 

in Chapter 4, «Microstructural Characteristics of SS 316L – Bronze FGMs». 
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Chapter 6. Thermal Properties of SS 316L – Bronze FGMs 

  After studying evolution of the microstructural and mechanical characteristics of 

Fe-Cu FGMs and quasi-homogeneous alloys, it is necessary to research their thermal parameters 

as they are strongly important in the light of practical application of these materials. 

6.1 Materials, Methods, and Design of Experiment 

The materials, set of specimens, and methods of making Fe-Cu structures were the 

same as presented in Chapter 5. All additional methods and equipment are described below. 

6.2 Coefficient of Linear Thermal Expansion of SS 316L – Bronze FGMs 

6.2.1 Experimental Measurement of CLTE 

CLTE was experimentally estimated using a heating plate and a hand caliper with 

0.01 mm of uncertainty. Each part underwent 10 measurements of its length and width on 

a separate pair of prepared surfaces. A CP DED-fabricated SS 316L part was analyzed by 

this method too. The heating cycle was from +21 ℃ (the initial temperature was equal to 

the room temperature) to +220 ℃, respectively. The maximum temperature was lower than 

that of low-temperature bronze annealing. It was also significantly lower than the Curie 

temperature Tc of the SS 316L alloy. Heating over the Curie temperature significantly 

changes the trend of CLTE due to changes in the material’s magnetic properties [186]. The 

accuracy of a single CLTE calculation was estimated to be no worse than ±3·10−6 K−1. 

Therefore, the uncertainty of the arithmetic mean is 

αBr−SS = ±3 ∙ 10−6/√10 ≅ ±9.5 ∙ 10−7, (51) 

where «10» was a number of calculations. Subsequent research can optimize this 

uncertainty via more precise measurement methods and equipment. 
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Figure 33 demonstrates the experimentally obtained CLTE of all groups. The 

experimental CLTE for CP SS 316L was equal to 1.82∙10−5 ± 9.5∙10‒7 K−1. 

 
Figure 33. CLTE of groups 1–8 in the range 21‒220 ℃ (measured both in longitudinal 

and transverse directions).  

6.2.2 Analytical Estimation of CLTE 

A simple rule-of-mixtures Equation (52) [187,188] analytically estimated the 

1st-approximation-dependence between CLTE and concentration of bronze and steel in the 

alloy: 

𝛼𝐵𝑟−𝑆𝑆 =∑𝛼𝑖 ∙ 𝑉𝑖
𝑖

=
𝑁𝐵𝑟
𝑁

∙ 𝛼𝐵𝑟 +
𝑁𝑆𝑆
𝑁
∙ 𝛼𝑆𝑆, (52) 

where 𝑉𝑖 denoted a volume fraction of each binary alloy component; 𝑁𝐵𝑟, % was a wt. 

percentage of the bronze, 𝑁𝑆𝑆 ‒ of SS, 𝑁 = 100%, 𝛼𝐵𝑟 and 𝛼𝑆𝑆 were the CLTE of CP 

bronze and CP SS, respectively. This formula did not account for the appearance of new 

phases following 3D printing, which had CLTE that was different from the initial materials. 

It also did not consider a variation in the porosity in the parts. These parameters, if 

necessary, can be taken into account for more precise calculations. 
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In the temperature range of 0‒100 ℃, αss ≅ 1.60·10−5 K−1 [189]; α𝐵𝑟
𝐴𝑙 ≅ 1.68·10−5 K−1 

[189] (aluminum bronze); α𝐵𝑟
𝐶𝑟 ≅ 1.65·10−5 K−1 [189] (chromium bronze); α𝐵𝑟

𝑆𝑛 ≅ 1.80·10−5 K−1 

[190] (tin bronze). Here, αss, α𝐵𝑟
𝑆𝑛, α𝐵𝑟

𝐴𝑙 , and α𝐵𝑟
𝐶𝑟  were relevant to these materials created via 

traditional manufacturing methods. The analytical estimation method for the 3D-printed 

material is provided below. The calculations considered that CLTE in the whole range from 

21 ℃ to 220 ℃ did not depend on the temperature. In general, this dependence existed and 

had a substantially complex form. Each binary intermetallic compound of the laser-

deposited alloy could be expressed as a sum of αlat + αel + αmag [191], and 𝛼𝑙𝑎𝑡  ~ 𝑇
3 was a 

lattice contribution. 𝛼𝑙𝑎𝑡 could be described in terms of the Debye theory. It became 

temperature independent at a level approximately above the Debye temperature. 𝛼𝑒𝑙 ~ 𝑇 

was an electronic contribution. 𝛼𝑚𝑎𝑔 was a magnetic contribution. 𝛼𝑚𝑎𝑔 was temperature-

independent in the paramagnetic range and tended to zero above the Curie temperature. 

For 50/50 alloys (groups 1–3) 𝑁𝐵𝑟 = 𝑁𝑆𝑆 = 50 wt.%; for 75/25 alloys (groups 4–6) 

𝑁𝐵𝑟 ≅ 75 wt.%; 𝑁𝑆𝑆 ≅ 25 wt.%. In the case of alternating layer gradient structures (groups 

7–8), CLTE was also gradient. The dependence between α and the vertical coordinate z, 

μm was defined using the modified form of the rule of mixture [188,192]: 

α(z) = V(z) ∙ α1 + (1 − V(z)) ∙ α2, (53) 

where V(z) was a volume fraction of constituents (SS, bronze), which obeyed a piecewise-

defined function (54) [23]: 

V(z) = {
1, if 500 ∙ n < z < 250 ∙ (2 ∙ n + 1),

0, if 250 ∙ (2 ∙ n + 1) < z < 500 ∙ (n + 1),
n = 0, 1, 2, 3, . . . 149.

 (54) 
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Within the certain neighborhoods of the irregular points z = 250∙n, the behavior of 

the function depended on the phase composition at the interface areas between steel and 

bronze. Most of all, it depended on the formation of intermetallic phases. If the shrinkage 

caused by the permeation of each sequential layer into the previous one and their partial 

intermixing were also considered, the V(z) equation would take on a more complicated form. 

However, the volume-mean average CLTE of FGMs in groups 7 and 8 could still be estimated 

using equation (52) under the assumption of 𝑁𝐵𝑟 = 𝑁𝑆𝑆 = 50% (same as for groups 1–3). 

Table 10 demonstrates estimated values of CLTE for all groups based on the CLTE 

of pure metals fabricated via traditional methods. 

Table 10. Analytically estimated CLTE of all groups based on the CLTE of pure metals. 

Group № 1 2 3 4 5 6 7 8 

CLTE, K−1 × 10−5 1.65 1.63 1.70 1.66 1.64 1.75 1.641 1.631 

1 A weight-mean average. 

Parts of groups 4 and 6 had the lowest experimental CLTE. Both of them had the 

highest bronze percentage (75%). Within these two groups, a non-gradient alloy based on 

aluminum bronze and SS in the ratio of 75/25 wt.% (group 4) had the lowest CLTE: (1.21± 

±0.10)∙10−5 K−1. It indicated that this material had the best resistance to linear thermal 

deformation under the influence of high temperatures. Part of group №5 (Cr bronze + SS 

316L) also had the same bronze percentage (75%). Still, it did not show such a low CLTE. 

The reason for it might be the formation of additional Fe-Cr phases in this alloy, and the 

absence of Fe-Zn, Fe-Sn, and Fe-Al. 
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All groups created via the alternating layers’ technique (№№ 7–8) had the highest 

CLTE ([(1.88‒1.96) ± 0.10]∙10−5 K−1). It meant that they suffered the highest deformations 

at high temperatures. It was considered an undesirable property in many practical 

applications. Groups with a 50/50 steel-to-bronze ratio (№№ 1–3) had intermediate (and 

approximately similar) CLTE, from (1.51±0.10)∙10−5 to (1.58±0.10)∙10−5 K−1. 

It was known that there was a difference between the CLTEs on the basis of a 

manufacturing method (traditional technologies vs. AM). It was provided by chemical, 

phase, and structural composition distinctions. The resulting CLTE was compared with the 

characteristics of CP materials created via traditional methods. The experimental results 

were: for SS 316L α ≅ (1.65‒1.75)×10−5 K−1; for tin bronze: (1.85‒1.92) ×10−5 K−1; for 

aluminum bronze: (1.62‒1.70) ×10−5 K−1; for chromium bronze: (1.64‒1.70) ×10−5 K−1). 

Table 10 displays theoretically estimated results. It was seen that the experimental values 

were lower in the case of groups 1–6 (50/50 wt.% and 75/25 wt.% alloys) and higher in the 

case of groups 7–8 (gradient materials). Additionally, it was seen that the CLTE of groups 

1–2 significantly differed from groups 7–8. Still, according to Equation (52), they were 

expected to be equal to each other. Epitaxial growth and the formation of new phases, i.a., 

intermetallics (see [118] and [226]) in the interface areas between different metals, are 

primarily responsible for this phenomenon. These intermetallics might have thermal 

characteristics (i.a., CLTE) different from the pure initial materials — steel and bronze. 
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6.2.3 Numerical Analysis of the Dependence between Thermal Expansion, 

Temperature, and Laser Treatment Parameters 

Minitab software (Minitab Ltd., Coventry, UK) was used for the analysis of the 

dependence between CLTE and temperature. Parameters of PC: CPU—Intel® Core™ i7-

7700HQ 2.81 GHz. RAM: 16,0 GB. OS: Windows x64. M. Yakout et al. [186] previously 

discussed the dependence between the CLTE, temperature, and parameters of the laser 

treatment regarding the pure 3D-printed SS 316L. The authors developed a three-way 

interaction regression model using the Minitab and applied it to the SLM. This model 

provided accurate results for the DED process, too. According to it, the relative thermal 

expansion εT for 𝑇 ≤ 552 K [186] was calculated for SS 316L using the following 

equations (55)–(58): 

𝜀𝑇 = 𝑎 ∙ 𝑇
2 + 𝑏 ∙ 𝑇 + 𝑐; (55) 

𝑎 = 0.009714 [
1

𝐾2
] ; (56) 

𝑏 = 16.954 [
1

𝐾
] − 0.00577 ∙ 𝑃 [

1

𝐾 ∙ 𝑊
] − 14.98 ∙ ℎ [

1

𝐾 ∙ 𝑚
] + 0.0599 ∙ 𝑃 ∙ ℎ [

1

𝐾 ∙ 𝑚 ∙ 𝑊
] ; (57) 

𝑐 = 452 − 3.557 ∙ 𝑃 [
1

𝑊
] − 1.350 ∙ 𝑣 [

𝑠

𝑚
] − 6925 ∙ ℎ [

1

𝑚
] − 0.001838 ∙ 𝑃2 [

1

𝑊2]

− 10 399 × ℎ2 [
1

𝑚2
] + 0.05893 ∙ 𝑃 ∙ 𝑣 [

𝑠

𝑊 ∙ 𝑚
] + 

+ 40.28 ∙ 𝑃 ∙ ℎ [
1

𝑊 ∙ 𝑚
] + 11.47 ∙ 𝑣 ∙ ℎ [

𝑠

𝑚2
] − 0.05238 ∙ 𝑃 ∙ 𝑣 ∙ ℎ [

𝑠

𝑊 ∙ 𝑚2
] 

(58) 

Here, P, 𝑣, and h were processing parameters. P was laser power, W; 𝑣 was 

scanning speed, mm/s; h was hatch spacing, mm. In our case, h = 0.3 mm, Paverage = 308 W, 

and 𝑣 = 0.85 m/min ≅ 16.67 mm/s. P, 𝑣, and h were independent variables, P2, 𝑣2, and h2 

were two-way interactions, T and T2 were the temperature variables, and P·T, 𝑣·T, h·T, 
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P· 𝑣·T, P·h·T were the interaction terms. According to [186], this model was accepted as 

statistically significant and had a standard deviation of S = 9.64627, coefficient of 

determination R2=99.99%, and the predicted residual error sum of squares PRESS = 

= 11785.3. 

Equations (59) and (60) could be used to calculate CLTE from relative thermal 

expansion 𝜀𝑇: 

𝛼(𝑇) =
1

𝐿
∙
𝑑𝐿

𝑑𝑇
, (59) 

𝑑𝜀𝑇 =
𝑑𝐿

𝐿
. (60) 

The resulting expression (61) provided the desired relation between CLTE and 

temperature: 

𝛼(𝑇) =
𝑑𝜀𝑇
𝑑𝑇

. (61) 

Calculations based on the three-way interaction regression model gave the 

following results for SS 316L: b = 16.217600 𝐾‒1, c ≅ −125.021612, and 𝜀𝑇 = 0.009714∙T2 + 

+ 16.217600∙T − 125.021612. They provided values of 𝜀𝑇 of SS 316L at specific 

temperature points, particularly, 𝜀𝑇 ≅  2.20 ∙ 10
‒4 at room temperature (294 K), 𝜀𝑇 ≅ 

≅ 3.91 ∙ 10‒3 at 493 K, 𝜀𝑇 ≅ 1.32 ∙ 10
‒3 at 358 K, and 𝜀𝑇 ≅ 3.77 ∙ 10‒3 at 486 K. 

The resulting dependence 𝛼(𝑇) derived from equation (61) was as follows: 

𝛼(𝑇) = (2 ∙ 𝑎 ∙ 𝑇 + 𝑏) ∙ 10−6. (62) 

It was valid for T ≤ 552 K. From (62), the CLTE of SS 316L at 358 K was 

1.787∙10−5 K−1; CLTE at 486 K – 2.036∙10−5 K−1. 
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The results provided by the three-way interaction regression model for SS 316L 

were close to the results given by SLM at the critical laser energy density in the study 

[186]. This study reported about 𝜀𝑇 ≅ 3.90∙10−3 at 493 K. Our results were also higher than 

thermal expansion for SLM at the same laser power and scanning speed but lower hatch 

spacing (h = 120 μm, 𝜀𝑇 ≅ {3.10‒3.20}∙10−3 [186]). The CLTE of SS 316L also correlated 

well with the dilatometer experimental results of [123] (in that study, the measured CLTE 

of SS 316L was approximately {1.7‒2.0}∙10−5 K−1 in the range 373‒573 K). 

6.3 Heat Capacity of SS 316L – Bronze FGMs and Its Correlation with CLTE 

Netzsch DSC 214 Polyma (NETZSCH Group, Selb, Bavaria, Germany) measured 

the specific heat capacity of fabricated materials (8 groups + CP SS 316L). They were 

prepared as metal shavings and pressurized with a load rate of 700 kg × s. A single metal 

«tablet» had 25 mg mass and 4 mm diameter. The mass of the specimens did not change 

after the experiments. Each tablet was heated from 40 ℃ to 300 ℃ at a speed of 

10 ℃/min. The measuring chamber was purged by nitrogen. Aluminum pans were used for 

the experiments. The precision of heat capacity measurements according to the 

instrument’s datasheet was ±2.5%. 

Figure 34a shows the experimental dependencies between specific heat capacity 

and temperature measured during a heating cycle, and Figure 34b – during a cooling cycle. 

All dotted curves showed 50/50 wt.% alloys. All solid curves showed 75/25 wt.% alloys. 

All dashed curves showed alternating-layers gradient alloys. Bright black curves showed 

C61800-based alloys. Pale orange curves showed C18400-based alloys. Blue curves of 

medium brightness showed CB480K-based alloys. Measurement precision was ±2.5%.  
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Figure 35 demonstrates the specific heat capacity of CP SS 316L measured over two 

heating and two cooling cycles. Blue and light-blue curves refer to heating cycles, and 

green and orange refer to cooling. All the cycles were conducted sequentially in the order 

as follows: heating cycle №1, cooling cycle №1, heating cycle №2, and cooling cycle №2. 

Delay between cooling cycle №1 and heating cycle №2 was more than 12 h. 

 
(a) 

 
(b) 

Figure 34 ‒ DSC curves of materials from groups 1-8. 
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Figure 35 ‒ DSC curves of CP SS 316L measured during 4 cycles (measurement 

precision was ±2.5%). 

 

Figure 34a demonstrates the unusual behavior of specific heat capacity. Most of the 

time (groups 1-4, 7, and — unclearly — group 6), it decreased as the temperature rose. 

Because precise mass measurements proved that there was no mass loss during the 

experiments, the reason for such behavior could be long-term phase transitions, which 

started in the range 46‒136 ℃. The end of these phase transitions was a local extremum of 

specific heat capacity near 254‒266 °C in the case of groups 4 and 7. Both of them were 

C61800-based. The third C61800-based group (№1) had a similar shape but its expected 

local extremum was outside the temperature range investigated (46‒286 °C). It is needed 

to check the existence of this extremum during subsequent research. We associated these 

transitions with the formation of lower bainite after the decay of previously undercooled 

austenite. Because of high cooling rates during DED, the liquid phase was undercooled 

below the metastable miscibility gap [121], and undercooled austenitic γ-Fe appeared. The 

existence of γ-Fe in these C61800-SS 316L alloys was proved in Chapter 4 by the results 

of XRD analysis. During reheating under DSC analysis, undercooled austenite decayed 

within approximately the 200‒300 °C range, and lower bainite appeared. After this phase 



135 

  

transition, the specific heat capacity began to increase with temperature. It should be noted 

that these transitions were observed only in the C61800-based alloys, which showed a 

{paramagnetic FCC} → {ferromagnetic BCC} transformation [194]. This transformation 

provided the fabrication of soft magnetic materials from paramagnetic components [194]. 

C18400- and CB480K-based alloys demonstrated neither this FCC→BCC transformation 

nor an evident specific capacity decrease. 

Only groups 5 and 8 based on C18400 did not have the mentioned heat capacity 

decrease. Because another C18400-based group (group 2) had this decrease, it could be 

suggested that there was a transient concentration of elements in the alloy, which provoked 

the phase transition. Nevertheless, today’s literature did not report on the transient behavior 

of the Cu-Fe-Cr system in the low-temperature area [195-198]. Therefore, the reason for 

such an effect is not clear and needs to be studied in more detail. 

It was seen that C61800-based curves had the lowest average value of specific heat 

capacity. C18400-based curves had the highest value, CB480K—intermediate. The 

experimental curve of group №5 had two small exothermic peaks: the first one — near 

102‒106 °C, the second one — near 154‒158 °C. They could be associated with 

polymorphic transformations [199-201], which appeared during heating. They changed the 

crystalline structure, its characteristic dimensions, and its shape. Another C18400-based 

group (№8) also showed very small exothermic peaks in the area between 78 and 118 °C. 

CB480K-based group №3 had a small exothermic peak near 144 °C. 

Figure 34b demonstrates another behavior of specific heat capacity. All the curves 

were monotonous. It pointed to the absence of long-term phase transitions, which were 
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observed during the heating cycle. Nevertheless, two C18400-based groups (№5 and №8) 

had clearly observable exothermic peaks near 66 °C and 74 °C. These two curves also had 

exothermic peaks during a heating cycle, but the corresponding temperature values were 

different. 

A comparison of the obtained results of SS 316L specific heat capacity with DSC 

data of other studies [125,202-206] showed that SS 316L had 15‒20%-higher heat capacity 

if it was fabricated by DED in comparison to traditional methods. Its reason could be rapid 

solidification, which leads to grain refinement and the changing of the thermal properties 

of the material. 

DSC curves of the specific heat capacity of CP SS 316L did not show phase 

transitions in the range of 50‒330 ℃. It pointed at the absence of undercooled austenite 

and the formation of lower bainite. It was expected in the presence of bronze only. Earlier 

studies [125,202-206] also did not display phase transitions of SS 316L in this temperature 

range. 

6.4 Interim Conclusion 

This part of the research investigated CLTE and the specific heat capacity of 

Al/Cr/Sn-bronze and SS-316L binary alloys (50/50 and 75/25 wt.%) and FGMs fabricated 

via DED were investigated. These thermal characteristics of such structures were 

experimentally studied for the first time and compared with theoretically predicted values. 

The lowest CLTE was shown by the 75/25 wt.% Al-bronze-based alloy: (1.212 ± 

± 0.095)·10−5 K−1. This material was characterized by the best resistance to thermal 

deformations under high-temperature influence. 
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According to the numerical model, the relative thermal expansion 𝜀T of the DED-

fabricated SS 316L (𝜀T ≅ 3.91∙ 10‒3 at 493 K) was close to the results predicted for SLM. 

It also matched the dilatometer experimental results of SLM-fabricated SS 316L. 

Decreased hatch spacing was considered a reliable method of changing the CLTE of Fe-

Cu parts fabricated by AM methods. 

The specific heat capacity of the DED-fabricated Fe-Cu alloys demonstrated 

uncommon behavior during the heating cycle. A decreased specific heat capacity and its 

subsequent increase after ~260 °C in the Cu-Fe-Al system were associated with long-term 

phase transitions and the formation of lower bainite. The small exothermic peaks in the 

DSC curves of Cu-Fe-Cr alloys were attributed to rapid polymorphic transformations. The 

specific heat capacity of DED-fabricated CP SS 316L was 15‒20% higher than traditional 

methods. Its reason was rapid solidification, which led to grain refinement and changed the 

material’s thermal properties. 

These findings can be applied to the DED of Fe-Cu system homogeneous alloys 

and FGMs (primarily based on UNS C61800 and SS 316L), which can be used in the NPP, 

STP, aerospace, and electronic components industries. The future direction of the study in 

this field may include: 

1. The analysis of the specific heat capacity of the Fe-Cu materials in a broader 

temperature range (up to ~900 ℃); 

2. The study of the phase transitions of the Cu-Fe-Cr system in the low-temperature area.  
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Chapter 7. Summary and Conclusion 

The study successfully demonstrated the possibility of joining dissimilar 

immiscible materials in the Fe-Cu system via direct energy deposition. The microstructural, 

mechanical, and thermal properties of the laser-deposited Fe-Cu FGMs and quasi-

homogeneous materials were successfully investigated for the first time in such a measure. 

The difference in microstructural parameters caused by varying operation conditions, 

chemical composition, and deposition strategies led to significant scatter in the physical 

properties of the resulting alloys. The main findings of this study are described below. 

• The potential transition zones and strategies for compositional grading 

between austenitic stainless steel and bronze were investigated. The gradient transitions 

and alternating layers between Fe-based and Cu-based sections of the gradient alloy lead 

to flawless fabrication and allow combining materials with rather different physical 

characteristics (including elasticity modulus, CLTE, laser radiation absorption coefficient). 

These approaches also allowed printing tension coupons with respectable strain levels in 

these FGMs. The resulting mechanical properties of UTS and strain to fracture appear 

decent, indicative of a fully dense build. 

• The microstructural characteristics strongly influence on the mechanical 

properties of DED-fabricated Fe-Cu materials (including FGMs). The optical microscopy 

was used for the microstructural analysis, and the tensile behavior was correlated with 

microstructural features and printing parameters. In particular, the mechanisms of 

increasing mechanical strength of SS 316L – Al bronze quasi-homogeneous structures and 

FGMs by varying microstructural parameters were revealed. They included increasing the 
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fraction of δ-ferrite, raising the amount of Cr2O3 and MnO precipitations, and reducing the 

dimensions of dendrites leading to grain refinement. The discussion of phases was 

supplemented with the results of the XRD phase analysis technique. The DIC method 

showed the alternating character of principal strain distribution in the gradient specimens 

and revealed significant strain concentrators caused by microstructural defects in 

specimens. Several surface defects were observed and linked to internal defects, which 

have influence on mechanical properties of the resulting parts as well as grain size, 

compositional changes, and other microstructural parameters. Fracture surfaces’ cross-

sections provided extra information on deformation/failure mechanisms, showed the 

predominantly brittle character of failure, and revealed the distribution of porosity inside 

the tension coupons. 

• 50/50 wt.% Fe-Cu quasi-homogeneous materials based on Al bronze and 

SS 316L are the most prospective for practical applications, which are associated with 

prominent external loads and extreme heat conditions, compared to Cr-bronze-based and 

Sn-bronze-based quasi-homogeneous and sandwich structures. In specific, they exhibited 

great UTS (838.6 MPa), yield stress (665 MPa), modulus of resilience (1.03 MJ/m3), strain-

to-fracture (0.035), and low CLTE (1.212×10‒5 K‒1). The significance of these results was 

essentially approved by the comparison to the literature data. 

• The thermal properties (including CLTE and specific heat capacity) of the 

immiscible DEDed materials of the Fe-Cu system were also substantially studied for the 

first time. The specific heat capacity of the DED-fabricated Fe-Cu alloys demonstrated the 

uncommon behavior during the heating cycle in the range from 45 ℃ to 300 ℃. It presented 
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long-term phase transitions and small exothermic peaks in the DSC curves of Fe-Cu-Cr 

alloys attributed to the formation of lower bainite and rapid polymorphic transformations. 

The results of the conducted research can be applied in the aerospace, electronics, 

NPP, STP, milling, tooling, medicine, defense, and electronic industries. The findings have 

a significant importance for achieving porosity-free transition zones with no or small 

volume fraction of brittle phases for compositionally graded materials and fabricating 

structures with dissimilar materials.  
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Chapter 8. Future Research Direction 

  This thesis research describes the mechanical and thermal characteristics, which are 

the most important in the light of practical applications of Fe-Cu DED-fabricated 

heterogeneous materials, and find the correlation between them and the microstructural 

phenomena of these materials. However, a lot of significant aspects were left without a 

proper discussion in this work. Some of them were not within the front of interest because 

they didn’t comply the overall vector of this study; some – were not investigated in a 

sufficient measure. Nevertheless, the author finds necessary to additionally describe three 

subtopics in the last «outlook» section of the thesis: 

• magnetic properties and induced magnetic response of Fe-Cu energy-

deposited parts, which are interesting because of detected magnetic induction of material 

fabricated from non-magnetic constituents and due to the overall wide area of applications 

of the soft magnetic 3D printed materials; 

• ultrasonic-assisted DED of heterogeneous Fe-Cu materials, which allows a 

removal of many defects of these alloys and provides an improvement of their 

microstructural and mechanical characteristics as it was stated in the text of this thesis 

many times over; 

• DED of a real FG part from materials of Fe-Cu system, which gives the best 

approval of the relevance of the gained results and appropriability of the elaborated 

technological methods, combinations of materials, operation conditions, and deposition 

schemes. 



142 

  

  These subtopics were described for two purposes: the first one – to emphasize 

future directions of the research; the second – to describe what was already done in this 

field. The findings about magnetic properties of SS 316L – bronze FGMs were presented 

in 2021 the ASTM International Conference on Additive Manufacturing (ASTM ICAM 

2021). The ultrasonic-assisted-DEDed materials were described in 2022 in the chapter 

«Direct Energy Deposition of Cu-Fe System Functionally Graded Materials – Miscibility 

Aspects, Cracking Sources, and Methods of Assisted Manufacturing» of the book 

«Advanced Additive Manufacturing» (doi.org/10.5772/intechopen.102562). The real FG 

Fe-Cu part was designed and printed from SS 316L and three kinds of bronze in the 

Additive Manufacturing Lab of Skoltech in 2023. 

8.1 Magnetic Properties of SS 316L – Bronze FGMs 

The third block of physical characteristics’ research of Fe-Cu FGMs and quasi-

homogeneous structures has to include the study of their magnetic properties. This topic is 

interesting due to prospective applications of the magnetic hard and soft DEDed materials 

discussed below. As it was found during experiments, aluminium bronze – SS specimens 

gain magnetic properties after printing while they didn’t have them before it. This subject 

needs to be studied in more detail. The area of practical application of ferromagnetic 3D-

printed components is quite large. It includes manufacturing of the transformer cores, 

components of turbine engines, electric generators, elements of unmanned aircrafts, 

microwave absorbing materials, high performance motors, etc. [207-211]. Industrially used 

materials with ferromagnetic properties could be formally divided into the two broad 

groups ‒ magnetic hard and magnetic soft materials. Magnetic soft materials are 
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characterized by the high magnetic permeability, high saturation magnetization and low 

coercivity, providing their simple magnetization and demagnetization [211], which makes 

them appropriate for using as parts of various equipment ranging from the power 

transformers to novel sensors and actuators [212]. Magnetic hard materials, contrarily, 

have a high coercivity and are commonly used in electrical machines and vehicles, 

elevators, TVs and phones, wind turbines, and so on [211]. Hard magnetic materials could 

be also used in combination with soft magnetic ones in many of electrical machines 

applications [213]. 

The attractive possibilities of hard and soft magnetic materials fabrication by the 

AM techniques are followed by the certain difficulties. A lot of efforts are to be focused 

on the process optimization leading to acquisition of superior magnetic properties of the 

resulted alloys [211]. Beyond that, the DED of ferromagnetic hard and soft components is 

often associated with using of ferromagnetic consumable materials. However, the 

utilization of ferromagnetic metal powders in the DED may lead to clogging a powder 

feeding system on some machines due to magnetization of this system and/or metal parts 

magnetization by the powder [214]. Some 3D-printing techniques also require 

demagnetization of a build substrate and metal parts inside a build chamber to avoid uneven 

ferromagnetic powder layering. An in-situ fabrication of ferromagnetic parts from 

paramagnetic powders, such as SS 316L and Al, is a potential way to address these issues. 

Therefore, the main purpose of the current research is a study of dependence between 

elemental concentration of Al in a binary alloy and its resulted saturation magnetization 

after the DED, and relationship between magnetic and microhardness properties. 
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It is known that the ultrasonic-assisted DED process has a strong influence on 

parameters of resulted parts: it refines the grain structure, increases wear resistivity and 

microhardness, tensile strength and elasticity modulus, improves a fracture toughness, and 

has a possibility to dispose cracking [216-220,231]. Hence, this technology has a 

significant importance for manufacturing of FGMs, including graded soft magnetic alloys 

(Fe-Si, Fe-Al, Fe-Cu, Fe-Co, Fe-Ni, AlCo1-xCrxFeNi and AlxCrCuFeNi high entropy 

alloys, Ni-Mn-Ga magnetic shape memory alloys, etc) [211]. Nevertheless, the poor 

amount of data related to the influence of ultrasonic assistance on the magnetic properties 

of DED-fabricated parts could be found. This part of the current study is aimed, among 

other things, to investigation of this problem particularly in case of Fe-Cu system materials. 

This system has prospective applications for the soft magnetic parts producing because of 

local magnetic properties (high values of the local magnetic moment and contact hyperfine 

magnetic field) in BCC Fe-Cu lattice phase [221] along with precipitation of ferromagnetic 

Fe-Al phases, if the aluminium bronze is applied [214]. 

In this research, two binary systems were studied: Fe-Cu and Fe-Al. Three powder 

materials were applied: SS 316L (fraction 50-150 μm), aluminium bronze similar to UNS 

C61800 (fraction 45-125 μm), and CP aluminium powder (fraction 75-175 μm). Chemical 

composition of SS 316L is given in [118] as it was mentioned before. Chemical 

composition of aluminium bronze was the same as that in chapter 4. The SS powder was 

manufactured in Höganäs Belgium SA, aluminium bronze – in joint stock company Polema 

(Tula, Russia), CP aluminium – in «Volgograd aluminium company powder metallurgy» 

Ltd (Volgograd, Russia). 
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Totally 5 groups of specimens (Table 11), consisted of 4 different mixtures of 

stainless steel and aluminium, taken at various ratios, and one aluminium bronze – SS 

binary alloy, were manufactured for the research of their magnetic properties and 

microhardness characteristics. All specimens were fabricated the same technological 

installation as discussed before. The values of the output laser radiation power for each 

group of specimens are listed in Table 12. All other operation conditions were listed in 

Chapter 4. 

Table 11 – Experimental groups of laser deposited Fe-Al and Fe-Cu specimens. 

Material Group 1 Group 2 Group 3 Group 4 Group 5 

SS 316L, wt.% 80 90 95 97 50 

Al, wt.% 20 10 5 3 ‒ 

Al bronze, wt.% ‒ ‒ ‒ ‒ 50 

 

Table 12 – Values of output laser power of all groups. 

Parameter Group 1 Group 2 Group 3 Group 4 Group 5 

Laser power, W 120 150 250 320 300...450* 

* Specimens of group 5 were fabricated using a direct tooling mode [6,118]. 

Specimens for optical microscopy were prepared by the same technique as it was 

discussed in Chapter 4. The magnetization was measured via the vibrating-coil 

magnetometer LakeShore 7410 [222]. 

The examples of specimens, fabricated from SS 316L and CP Al for the specific 

magnetization analysis, are shown in Figure 36. 
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Figure 36 ‒ As-deposited specimens of the Fe-Al system. 

The left specimen (consisted of 1% Al and 99% SS) and right specimen (2% Al and 

98% SS) show the similar defect – a high surface roughness, which could be associated 

with spatter [223], surface deformation due to concentrated high heat input, or excessive 

hatch spacing [74]. Another authors [225], contrarily, associate such high roughness with 

low heat input along with large size of powder particles and excrescent scanning speed. 

The next type of defect is, contrariwise, different for both specimens shown in Figure 36: 

it is blobs and zits of the left specimen, which could be attributed to the extra deposited 

material at the start/end points of the concrete layer and inappropriate dwell time, and 

lowering of the edges of the right specimen that could occur because of an unsuitable 

nozzle path and discontinuity of the powder deposition [74]. 

Figure 37 demonstrates the representative examples of the Fe-Al system 

microstructural patterns taken at different magnifications. 
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Figure 37 ‒ Microstructure images of the Fe-Al specimens fabricated via the DED. 

The left-top picture of Figure 37 evidently demonstrates a pattern of oppositely 

directed horizontal tracks, deposited within a single layer of a specimen. The picture with 

a higher magnification (right-top) allows seeing a thin white network running through the 

inspected surface. This network could be explained as Al-based precipitates along the 

boundaries of Fe-based intermetallic grains. The left bottom picture taken at x50 

magnification demonstrates the mentioned network more clearly, and the right bottom 

picture with the highest magnification (x100) shows a fine needle-shaped microstructure. 

These needle-shaped phases have the same view as the θ-Al13Fe4, presented in the study 
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[226] that was also devoted to characterization of AM-fabricated Fe-Al binary alloy. 

Neither cracking nor huge porosity in the fabricated specimens were observed during the 

optical microstructure analysis. 

Results of measurement of the specific magnetization of all experimental groups 

are provided in Figure 38. There the black curve (3%) is associated with Al (3%) – SS 

316L (97%) alloy; red (5%) – with Al (5%) – SS 316L (95%); green (10%) – with Al (10%) 

– SS 316L (90%); blue (20%) – with Al (20%) – SS 316L (80%); turquoise – with 

aluminium bronze (50%) – SS 316L (50%), fabricated via the ultrasonic-assisted DED. 

Among other groups, a binary Fe-Al alloy of group 3 demonstrated the highest value of 

specific magnetization ‒ 117 emu/g. 

 
Figure 38 ‒ Saturation curves of laser deposited SS-Al and SS-bronze specimens at room 

temperature. 

To estimate the measure of the resulted saturation magnetization, it is necessary to 

compare it with currently known values of that for different materials, produced using AM 
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and traditional techniques. For classical AM-fabricated soft magnetic materials, such as 

Fe-Co (Hiperco) alloys, this value approximately equals from 192 emu/g to 257 emu/g 

[227], which is 1.64‒2.25 times more than 117 emu/g, attributed to Al (5%) – SS 316L 

(95%) alloy (Figure 38). Saturation magnetization of SLM-fabricated soft magnetic 

FeSiBCrC alloy was found to be about 162 emu/g [228], which was 1.38 times more than 

that of our specimens of group 3. The resulting value of saturation magnetization of 

SS 316L – aluminium bronze alloy fabricated by the ultrasonic-assisted DED is 

approximately equal to magnetization of the ferromagnetic La0.67Sr0.33MnO3 and 

La0.67Ca0.33MnO3 manganite nanotubes at 5 K and 12 kOe magnetic field: ~50 emu/g; the 

Al (3%) – SS 316L (97%) alloy magnetization (117 emu/g) is higher than the bulk expected 

magnetization values of mentioned nanotubes [229]. If we compare our results with SS + 

aluminium bronze specimens, analyzed in the study [214], we’ll see that SS-Al specimens 

have approximately two times lower saturation magnetization ‒ about 50 emu/g. This 

difference could be associated with another amount and type of ferromagnetic Fe-Al 

phases, precipitated in the DED-fabricated binary alloy.  

The experimental dependence between aluminium percentage in the deposited 

Fe-Al alloys and their magnetic moments is shown in Figure 39. 
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Figure 39 ‒ Saturation magnetization values for different concentrations of aluminium in 

the DED-fabricated SS 316L-Al alloy. 

It is seen from the Figure 39 that the saturation magnetization increases from zero 

value attributed to 20% Al concentration to the maximum point of 5% (117 emu/g). After 

that, the value of magnetic moment decreases and amounts 100 emu/g for 3% Al fraction 

in the binary alloy. Precipitation of FeAl phase could be suggested as a reason of such 

magnetic properties’ behavior. 

It was seen that implementation of the ultrasonic assistance provided 16% increase 

of specific magnetization in case of aluminium bronze (50%) – SS 316L (50%) binary alloy 

fabricated at the same operation conditions in comparison to the study [214]. This 

difference could be explained as changing phase composition due to increase of a 

solidification rate influenced by the ultrasonic vibration effects. It was said earlier that 

Fe-Cu system is characterized by existence of a metastable liquid miscibility gap [7,101-

103,136]: an increase of the solidification rate provides the more intensive undercooling of 
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a liquid phase followed by the liquid separation of immiscible Cu and Fe. Further 

coagulation and separated dendritic crystallization of the γ-Fe phase, which transforms to 

a ferromagnetic α-Fe during further cooling, could be suggested as a factor of a slight 

increase of specific magnetization of a resulting Fe-Cu binary alloy. 

Additionally, it should be mentioned that the presented study of Fe-Cu and Fe-Al 

DED-fabricated alloys magnetic properties could be significantly extended, when the area 

of extremely low temperatures will be also taken into consideration: the materials of these 

systems are expected to reveal mictomagnetic properties [230] at temperatures near the 

absolute zero (about 5–10 K), and investigation of this phenomenon could appear as a 

prospective topic for the upgoing research. Another prospective topic in this field is the 

study of the thermal annealing influence on the magnetic properties of Fe-Cu and Fe-Al 

DED-fabricated parts. 

The conducted experiments demonstrated a possibility of a soft-magnetic binary 

alloy fabrication from two different couples of initial paramagnetic components (SS + CP 

aluminium and SS + aluminium bronze) via the DED. The highest value of specific 

magnetization (117 emu/g) was observed in specimens with 19:1 steel-to-aluminium ratio. 

The magnetic properties lower when Al fraction deviates from 5%, and fully disappear 

when concentration of Al in SS equals 20%. The existence of the intermetallic 

ferromagnetic FeAl phase in the binary alloy could be responsible for this behavior. 

The influence of the ultrasonic assistance on magnetic properties of DED-

fabricated alloy was studied for the first time. It was shown that implementation of the 

ultrasonic vibration source during the DED provides a 16% increase of saturation 
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magnetization of Fe-Cu alloy, which could be associated with enhanced undercooling and 

liquid separation followed by precipitation of γ-Fe dendrites later transformed to the 

ferromagnetic α-Fe phase. 

This topic has to be continued with: 

• Phase composition analysis of Fe-Al and Fe-Cu DED-fabricated alloys with 

a purpose to determine ferromagnetic phases responsible for varying magnetic properties 

of these materials depending on elemental concentrations in the initial powder mixtures. 

• Research of the influence of thermal annealing on the magnetic properties 

of Fe-Cu gradient parts. 

• Conducting X-ray fluorescence (XRF) and electron backscatter diffraction 

(EBSD) analyses of Fe-Cu and Fe-Al parts to analyze the nature of their induced magnetic 

properties in a deeper measure. 

• Study of the mictomagnetic properties of Fe-Cu gradient materials at 

temperatures near the absolute zero (about 5–10 K). 

 After finishing, the results of this section of the research will be practically 

implemented in the AM of soft-magnetic materials for electrical industry components, such 

as magnetic cores, rotors, magnetic amplifiers, shieldings, novel sensors and actuators. 
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8.2 Ultrasonic-assisted DED of SS 316L – Bronze FGMs 

It was shown above that mechanical and other characteristics of Fe-Cu DED-

fabricated alloys (including FGMs) strongly depend on its microstructure properties. One 

of the prospective techniques for improving the microstructure quality is the laser-assisted 

DED [231-238]. Our scheme of the ultrasonic-assisted DED is presented in Figure 40. The 

source of the ultrasonic frequency (~21 kHz) current signal (master oscillator in the 

scheme) was used for generation of the mechanical wave inside the magnetostrictor 

(magnetostrictive transducer – a device which converts an ultrasonic frequency alternating 

current energy to the mechanical energy of ultrasonic frequency vibration) located in the 

SS cooling reservoir. The wave was conducted to the waveguide, which was placed under 

the surface of substrate with a rigid fixation. In Figure 41, our practical implementation of 

this scheme (left picture) and the resulted microstructure (right picture) can be seen. Left 

picture, positions: 1 – the laser head; 2 – cooling vessel of the magnetostrictive transducer 

(see the description above); 3 – cameras; 4 – waveguide. Right picture: example of fine-

grained intermixed microstructure of ultrasonic-assisted DED-fabricated part of 50% 

aluminium bronze with 9.5% Al and 1.0% Fe content (chemical composition similar to 

UNS C61800) and 50% SS 316L. Light areas: islands of stainless steel, dark areas: the 

copper-based regions. The ultrasonic frequency generator UZG-2M (isn’t shown in 

picture) with 2 kW ultimate output power, 1.8‒1.9 kW magnetostrictor PMS2-20 (pos. 2, 

placed in the Ø150x335 mm cylindrical stainless steel cooling vessel) with 21.5‒22 kHz 

frequency range, and the titanium alloy waveguide (pos. 4) with rectangular base surface 

120x18 mm were manufactured by OOO “Ultra-Rezonans” (Yekaterinburg, the Russian 
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Federation). Water at the room temperature was applied as a cooling liquid (2 L/min flow). 

The DED process was performed again using InssTek MX-1000 3D-printer (pos. 1) in a 

DMT [6,118] realized by two cameras (pos. 3). The methods of the microstructure 

preparing and imaging were the same as discussed in §3.1. 

 
Figure 40 ‒ The ultrasonic-assisted DED process scheme. 

  

Figure 41 ‒ The ultrasonic-assisted DED process. 

The ultrasonic-assisted DED process was suggested to achieve the following 

advantages: 

1) Refinement of the grain structure: X.H. Wang et al. [231] demonstrated the 

refinement of Fe-based composite coating after ultrasonic-assisted DED, disappearance of 
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the columnar dendrites with  200 W ultrasonic power and appearance of the equiaxed 

dendrites with  400 W; C.J. Torado et al. [232] also observed the grain refinement 3D-

printed Inconel 625 using the ultrasonic assistance, decrease of the epitaxial growth and 

improvement of homogeneity.  

2) Increase of microhardness and wear resistance: X.H. Wang et al. [231] showed 

that the ultrasonic assistance increases the wear resistance of coating up to 2.4 times in 

comparison with a coating without ultrasonic assistance in the context of Fe-based 

composite DED-fabricated coating deposited on the 5CrNiMo substrate; 

D. Zhang et al. [233] observed the increase of microhardness from ~380‒450 HV1.0 to 

~435…515 HV1.0 at all levels of laser output power due to grain refinement and reduction 

of the porosity. Method of strengthening of a part surface, increase of an average impact 

energy, hardness, decrease of a wear mass loss, and redistribution of the reinforcement 

particles leading to their uniform dispersion, provided by the ultrasonic assistance, was 

also shown by the authors of patent [234]. 

3) Increase of elasticity modulus: D. Zhang et al. [233] showed that the ultrasonic 

vibration improves the elasticity modulus of the DED-fabricated parts from ~45‒55 GPa 

to ~50‒65 GPa. 

4) Increase of the tensile strength: C.J. Torado et al [232] pointed at increase of 

tensile properties mostly due to the β-grain refinement: UTS with ultrasonic assistance of 

equal to ~1160 MPa (YS ~1100 MPa) while the results without ultrasonic assistance was: 

UTS ~1020 MPa, YS ~990 MPa (about 12% improvement of both parameters) of 3D-

printed Ti-6Al-4V alloy. Y. Zhang et al. [235] achieved 1.4–1.6 times increase of tensile 
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strength of Al 4047 parts due to grain refinement using the ultrasonic-assisted DED instead 

of a traditional casting technology, and observed the microstructure consisted of the 

columnar Al dendrites with equiaxed Si particles at boundaries of the layers along with 

equiaxed Al crystals surrounded by fine Si phases in the middle zone of the alloy. 

5) Reduction of the eutectic spacing: S. Yan et al. [236] reported about the decrease 

of this parameter in the carbon fiber toughening nanoscale Al2O3-ZrO2 laser-deposited 

eutectic fabricated with the ultrasonic assistance. The resulted value reached 50 ± 5 nm. 

6) Improvement of the fracture toughness: S. Yan et al. [236] reported about 2.5-4 

times increase of it the carbon fiber toughening nanoscale Al2O3-ZrO2 eutectic due to the 

grain refinement and the whisker toughening of the carbon fiber. 

7) Removal of cracking: the authors of the patent [237] described the laser 

deposition of Al-12Si eutectic alloy and found out that cracking in the deposited structure, 

that was seen after the common DED, wasn’t observed when the ultrasonic-assisted DED 

was implemented, and the microstructure of the sedimentary layer was changed. 

Because of a serious lack of experimental studies related to the topic of ultrasonic-

assisted DED of Fe-Cu system materials, it is struggling to predict indisputably that all the 

mentioned changes, described above, will be seen in the materials of this system too. 

Nevertheless, our first tensile tests of the binary Cu(50%)-Fe(50%) alloy (see Figure 41 

and its description) conducted in accordance with ASTM E8/E8M-16a [116] at a 2.7 

mm/min rate using INSTRON 5969 dual column machine showed that the average ultimate 

tensile strength of common DED-fabricated parts equaled 848.3 MPa while this result in 

case of the ultrasonic-assisted DED reached 952.7 MPa, which was 1.12 times higher. Cu-
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based parts created from the tin bronze powder without any Fe-based constituents also 

demonstrated the responsiveness to the agitation of a melt pool by the ultrasonic frequency 

waves during the DED: A. Gorunov [238] observed the intermixing between the tin bronze 

clads and a material of a substrate along with a substrate cracks bridging, and claimed that 

it is possible to variate size, shape, and intermixing rate of the deposited material by 

changing the ultrasonic-related parameters of the process. 

It is known that there is a dependence between a mechanical performance and build 

orientation of parts fabricated via the traditional DED process. For instance, K. Zhang et 

al. [239] showed the difference of fracture morphology and anisotropic mechanical 

performance in specimens stretched parallel and perpendicular to the build direction; 

P. Guo et al. [240] reported that the higher elongation at failure was seen at 0° build 

direction rather than at 90°, what was an unexpected result, because in the second case the 

direction of external load was parallel to the dendritic grains; E. Azinpour et al. [241] 

observed the lower UTS and yield stress values of parts fabricated at 0° building direction 

in respect to direction of load, in comparison with that of 90°. The build orientation of the 

part during the ultrasonic-assisted DED plays even a more important role in further 

mechanical characteristics, microstructure and morphology parameters because of 

significance of the mutual disposition between the ultrasonic wave front and the axes of 

the solidified grains of the material. Besides, the absorption of mechanical ultrasonic wave 

energy during its propagation within the volume of the part points at influence of a part’s 

size and geometry on the ultrasonic-affected changes of its microstructural and mechanical 

properties. It was expected to observe a lower ultrasonic influence at the highest layers of 



158 

  

a tall part, if it was built in a vertical direction. Contrarily, if the part was built in horizontal 

direction, the ultrasonic influence was more uniform and was expected to have a more 

regular distribution. The evaluation of ultrasonic attenuation in polycrystalline metals 

occurring mostly because of scattering from grains was conducted by T. Stepinski and P. 

Wu [242] for the pure copper specimens. A frequency-dependent attenuation coefficient 

ζ(f) was determined by the spectral shift method (based on the measurement of a signal 

reflected from the front and backs surfaces of the metal plate) using the following equation: 

𝜁(𝑓) = (
2 ∙ 𝜋

𝐵
)
2

∙
𝑓𝑖 − 𝑓0
2 ∙ 𝐷

∙ 𝑓, 
(63) 

where B is a bandwidth of the input signal, fi and f0 are the central frequencies of the input 

and output signal respectively, and 2∙D is a full path length of an ultrasonic signal (D – a 

thickness of the plate). The resulting measured attenuation amounted from 0.3684−0.0469
+0.0398 

to 0.4613−0.0645
+0.0489 for 5.35 MHz central frequency in dependence from the specimen 

thickness (from 36 to 41.5 mm) and nominal grain size (from 125–175 to 250–350 μm). 

These results showed that at the high frequencies the intensity of an ultrasonic wave in Cu 

polycrystal decreased by approximately 1.09‒1.11 times per each mm propagated. 

Therefore, the Cu specimen even of a 40 mm height will suffer more than 30 times decrease 

of the ultrasonic wave intensity at its top surface at this frequency (5.35 MHz). 

Except mentioned above, we observed during the experiments that parts fabricated 

with ultrasonic assistance in a vertical build direction showed the defects increasing from 

the bottom to the top side (see left picture in Figure 42). Nevertheless, the similar parts 

fabricated at the same operation conditions in a horizontal orientation had a regular shape 

and normal roughness (Figure 42, middle picture). The same was shown by parts deposited 
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in a vertical direction without ultrasonic assistance (Figure 42, right picture). The increase 

of a surface roughness of the first part could be caused by a spatter due to significant 

vibration, or by difference of cooling rate of the lowest and the highest layers [74]. This 

difference comes from the fact that layers, larger affected by ultrasonic vibration, undergo 

more intense stirring provided by cavitation and acoustic flow effects [243] in a melt pool. 

The cavitation effect is associated with nonlinearly expanding, contracting, oscillating, 

shrinking, and collapsing cavitation bubbles in liquid under alternating negative and 

positive pressure. The collapses of the bubbles produce instantaneous high temperature and 

pressure [244] in the surrounding area followed by generation of high-speed liquid 

microjets and new bubbles nuclei keeping the ultrasonic cavitation process and promoting 

the liquid flow in the melt pool. The acoustic flow effect is a result of a sound pressure 

gradient caused by attenuation of the ultrasonic wave during its propagation in the melt. 

The sound flow slows down by reaching the bottom of the cavity, spreads upward along 

its side wall, and forms the circulation. The induced acoustic flow effect effectively 

promotes the flow in the molten pool, amplifying the effect of convection and diffusion. 

 1.  2.  

Figure 42 ‒ Parts fabricated: a) with ultrasonic assistance (built in a vertical direction) 

(left picture); b) with ultrasonic assistance (built in a horizontal direction) (middle 

picture); c) without ultrasonic assistance (built in a vertical direction) (right picture). 
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The changes of the part’s shape in its top section could appear because of a 

disproportional distribution of the powder due to vibration of the mounting layers and 

substrate. These defects were partially observed not only in parts fabricated via the 

ultrasonic-assisted DED, but the presence of ultrasonic vibration increased them. 

Columnar-shaped vertical tall deposit is seen only on the left side of the specimen because 

of specificity of the track pattern: the path of the nozzle within each layer is finished near 

this area, therefore the last fallen powder particles are sintered to the hot surface even if the 

laser is already turned off. The mentioned defects could be reduced or eliminated by 

changing of a part build direction, as it shown in Figure 42, or decrease of an ultrasonic 

generator output power. 

This topic has to be continued with the deeper study of the ultrasonic-assisted DED, 

specifically its influence on the surface parameters, microhardness, and elasticity modulus 

of as-fabricated parts. 
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8.3 Laser Deposition of a Real SS 316L – Bronze Gradient Part 

The final result of all the experimental and theoretical investigations of the DED of 

Fe-Cu system FGMs have to be the fabrication and testing of the real part. In this study, a 

cooling stave was selected as this part. A cooling stave is the key element of the blast 

furnace. It is a region of the biggest heat load with intensified smelting [245]. 

The blast furnace is mostly used in steel industries and produces molten iron [246]. 

Its scheme is shown in Figure 43. 

 

Figure 43 ‒ The scheme of the blast furnace [246,247]. 

Lining of the cooling stave is the most important factor for determining the blast 

furnace’s campaign life. Lining cooling by stave is one of the most leading factors in this 
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field [246]. A stave is a cooling gadget, which has one or several internal channels.  Staves 

are placed on the inward surface of a blast furnace. Conventionally, they were produced 

from cast iron but further it was suggested to fabricate them from copper to achieve better 

thermal conductivity [246]. Nevertheless, cost of copper staves is higher, and steel staves 

have better mechanical properties like specific elongation and tensile strength [246]. It was 

suggested further [13] to combine properties of copper and steel within the cooling stave. 

Therefore, modern cooling staves are FG tools, which are placed along the periphery of the 

blast furnace wall [247]. After our experiments, the sample of the FG cooling stave was 

fabricated (Figure 44). It was produced both from steel (body) and bronze (ribs or bricks). 

The dimensions were ten-times decreased in comparison to real ones. 

 

Figure 44 ‒ The sketch of the cooling stave. 

 In our experiment, the cooling stave’s body was fabricated from SS 316L, and the 

bricks were produced from three kinds of bronze: aluminum bronze (similar to UNS 
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C61800 aluminum bronze, fraction 45‒125 μm), tin bronze (similar to copper-tin alloy 

CuSn10-B (CB480K), fraction 100‒140 μm), and chromium bronze (similar to UNS 

C18400 chromium copper, fraction 63‒125 μm). First three ribs realized direct joining 

method; three next – gradient path; the last three bricks – alternating layers’ technique. All 

the ribs were fabricated with acceptable metallurgical bonding between bronze and steel 

and without visible defects such as cracks and gas pockets. This experiment demonstrated 

that direct joining can be applied for manufacturing of small-size parts from Fe-Cu FGMs; 

nevertheless, it is unsuitable for the huge parts (with >15 mm dimension in the direction of 

chemical composition changing). The experiment proved practical significance of previous 

research results and demonstrated their applicability for manufacturing real FG parts based 

on Fe-Cu system. 

 The resulting cooling stave after mechanical treatment (electrical discharge 

machining, grinding, polishing) is shown in Figure 45. 

 

Figure 45 ‒ The resulting cooling stave after processing. 
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Future research has to include thermo-mechanical testing of this part and 

fabrication of an FG part with more complicated geometry such as the prototype of the 

rocket engine’s combustion chamber. 

8.4 Additional Directions of the Research 

Additionally, the following topics may be suggested for the further investigation: 

• The expected positive influence of the Fe, Cr, Ni, and Mo content’s increase 

and the negative influence of that of Cu and Al on mechanical properties of the C61800-

based Fe-Cu transitional zones of the DED-fabricated FGMs. 

• Conducting the SEM and XRD analyses of the Cr-bronze-based DEDed 

alloys to define the nature of microstructural defects responsible for lowering UTS. 

• Study of the reasons of the mismatch between strain and stress concentrators 

in the tin-bronze-based quasi-homogeneous Fe-Cu system DED-fabricated alloys. 

• Performing high-temperature mechanical testing of various Fe-Cu system 

DED-fabricated quasi-homogeneous alloys and FGMs. 

• Finding the size of the hugest dendrites and the corresponding distance 

between their location and the position of the crystallization front in Fe-Cu system FGMs. 

• Proving the proposition about the absence of the dendrites in Fe-Cu system 

FGMs after the specific critical point far from the center of the laser heat spot. 

• The determination of the temperature gradient in the volume of the DEDed 

Fe-Cu alloys. 
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• The admixture mass concentration evaluation of laser-deposited FGMs of 

Fe-Cu system. 

• The estimation of the vertex angles of the dendrites growing in the Fe-Cu 

FGMs and comparison of the analytical values with the angles measured during 

experiments. 

• Research of the essence of the Cu-Fe-Cr system’s transient behavior, which 

may provoke low-temperature (100–300 ℃) phase transitions in Cr bronze – steel quasi-

homogeneous and FG alloys leading to their heat capacity decrease during heating. 

• The analysis of the specific heat capacity behavior of the Fe-Cu materials 

in the 300 – 900 ℃ temperature range. 

• Study of microstructural, mechanical, thermal, and magnetic characteristics 

of Be-, Pb-, and Si-bronze-based Fe-Cu system DED-fabricated FGMs. 

• Study of the oscillating laser DED technology for producing Fe-Cu FGMs. 
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Appendix 

 The appendix includes Figures S.1–S.17, which demonstrate engineering stress-

strain curves of all the specimens tested by the mechanical analysis. They also contain the 

hatched triangles, which areas refer to the specific energy of the proportional strain. 

 
Figure S.1 ‒ Engineering stress-strain curve of C61800 + SS 316L (50/50 wt.%) (group 1, 

specimen 1). 

 



192 

  

 
Figure S.2 ‒ Engineering stress-strain curve of C61800 + SS 316L (50/50 wt.%) (group 1, 

specimen 2). 

 
Figure S.3 ‒ Engineering stress-strain curve of C18400 + SS 316L (50/50 wt.%) (group 2, 

specimen 1). 
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Figure S.4 ‒ Engineering stress-strain curve of C18400 + SS 316L (50/50 wt.%) (group 2, 

specimen 2). 

 
Figure S.5 ‒ Engineering stress-strain curve of CB480K + SS 316L (50/50 wt.%) 

(group 3, specimen 1). 



194 

  

 
Figure S.6 ‒ Engineering stress-strain curve of CB480K + SS 316L (50/50 wt.%) (group 3, 

specimen 2). 

 
Figure S.7 ‒ Engineering stress-strain curve of C61800 + SS 316L (75/25 wt.%) (group 4, 

specimen 1). 
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Figure S.8 ‒ Engineering stress-strain curve of C61800 + SS 316L (75/25 wt.%) (group 4, 

specimen 2). 

 
Figure S.9 ‒ Engineering stress-strain curve of C18400 + SS 316L (75/25 wt.%) (group 5, 

specimen 1). 
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Figure S.10 ‒ Engineering stress-strain curve of CB480K + SS 316L (75/25 wt.%) 

(group 6, specimen 1). 

 
Figure S.11 ‒ Engineering stress-strain curve of CB480K + SS 316L (75/25 wt.%) 

(group 6, specimen 2). 
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Figure S.12 ‒ Engineering stress-strain curve of CB480K + SS 316L (75/25 wt.%) 

(group 6, specimen 3). 

 
Figure S.13 ‒ Engineering stress-strain curve of C61800 + SS 316L (alt.) (group 7, 

specimen 1). 
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Figure S.14 ‒ Engineering stress-strain curve of C61800 + SS 316L (alt.) (group 7, 

specimen 2). 

 
Figure S.15 ‒ Engineering stress-strain curve of C18400 + SS 316L (alt.) (group 8, 

specimen 1). 
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Figure S.16 ‒ Engineering stress-strain curve of C18400 + SS 316L (alt.) (group 8, 

specimen 2). 

 
Figure S.17 ‒ Engineering stress-strain curve of C18400 + SS 316L (alt.) (group 8, 

specimen 3). 
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 Table S.1 demonstrates the values of three strain tensor components determined from 

the results of tensile tests. 

Table S.1. Max/min values of strain tensor components exx, exy, and eyy of all groups. 
Component Group 1 Group 2 Group 3 Group 4 Group 5 Group 6 Group 7 Group 8 

exx −0.0225 −0.045 −0.069 −0.06 −0.044 −0.066 −0.036 −0.0062 

exy 0.0024 0.0031 0.0063 0.0046 0.0034 0.004 0.0029 −0.00028 

eyy 0.055 0.107 0.18 0.15 0.105 0.17 0.085 0.016 

 

 


